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ABSTRACT 
Al-Si based casting alloys are widely used for piston applications. This is due to their 
combination of properties, which include good castability, high strength, light weight, good 
wear resistance and low thermal expansion. In order for such alloys to meet increasingly 
demanding operational requirements, such as higher service temperatures and pressures, 
multicomponent Al-Si alloys, which contain several other alloying additions (Cu, Ni, Mg, Mn 
and Fe), have been used to further enhance the high temperature strength and fatigue 
resistance. Improved material properties are strongly dependent upon the morphologies, the 
thermal and mechanical properties, and the distribution of the intermetallic phases present in 
these alloys, which are in turn a function of alloy composition and cooling rate. Therefore, the 
main aim of this work was to characterise the many complex intermetallic phases in 
multicomponent Al-Si alloys. Five main areas of interest were investigated in this research. 
Firstly, thermodynamic modelling has been used to predict phase formation in complex 
alloys, which has been compared with measurements from differential scanning calorimetry 
(DSC). Secondly, the presence of additional elements in multicomponent Al-Si alloy systems 
allow many complex intermetallic phases to form, which make microstructural 
characterisation non-trivial, as some of the phases have either similar crystal structures or 
exhibit subtle changes in their chemistries. A combination of electron backscatter diffraction 
(EBSD) and energy dispersive X-ray analysis (EDX) have therefore been used for 
discrimination between the various phases. It is shown that this is a powerful technique for 
microstructure characterisation and provides detailed information which can be related to the 
microstructure evolution during initial casting and subsequent heat treatment. Additionally, 
the complex morphologies of intermetallics have also been observed using 3D X-ray 
tomography. In this present work, a number of different experimental techniques were used to 
provide a rapid means of phase discrimination in order to validate microstructural evolution 
models. 
Thirdly, the mechanical properties of individual intermetallics have been investigated as a 
function of temperature using high -temperature nanoindentation. In particular, the hardness 
and modulus of a number of phases have been measured for a range of alloy compositions. 
ii 
The creep behaviour of intermetallic phases was also investigated, since this is important in 
the determination of the high temperature mechanical properties of alloys. 
Fourthly, the coefficients of thermal expansion of intermetallic phases were measured by high 
temperature X-ray diffraction, and thermal expansion anisotropy was also explored to 
investigate the formation of microcracking. Finally, in order to investigate the effect of both 
applied mechanical and thermal loads on the formation of cracks, Eshelby modelling has been 
used to predict the internal stresses of the different intermetallic phases and alloys, with the 
aid of the experimental data obtained in this work. 
The phase identity, composition, and the corresponding physical and mechanical properties 
can be used to inform alloy design strategies, which may facilitate the development of new 
alloys with improved properties. 
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Chapter I Introduction 
CHAPTER 1 
INTRODUCTION 
AI-Si casting alloys have been widely used for automotive piston applications because they 
possess several important characteristics including; good castability, high strength, high 
strength-to-mass ratio, good wear resistance, good thermal conductivity, low thermal 
expansion and good machineability. These improved mechanical and physical properties are 
strongly dependent upon the morphologies and distribution of the secondary phases, which 
are in turn a function of alloy composition and cooling rate. 
However, with the rapid development of the automotive industry, the piston is required to 
have good enough mechanical and physical properties to serve in increasingly hostile 
environments, particularly for high-speed engine applications. Petrol engine pistons currently 
run at up to 350"C, in contrast to the diesel engine piston which runs even hotter. Therefore, 
the high temperature strength and fatigue resistance have been the most important issues in 
the current development of commercial aluminium. alloys. 
Multicomponent casting Al-Si alloys have been developed progressively during the past 
decade in order to achieve these requirements. Alloy element modifications are continually 
being made to finther enhance the properties. The addition of Ni, Cu and Mg can improve the 
high temperature strength and fatigue life. Fe is present as an impurity and can be removed by 
Mn. Due to the presence of many additional elements, a number of complex intermetallic 
phases can therefore form in multicomponent Al-Si alloys. Intermetallic phases play a crucial 
role in determining mechanical and physical properties of alloys. Thus, in this work most of 
the attention has been paid to the various intermetallic phases and comprises in five main 
areas: thermodynamic modelling, phase identification, mechanical properties, thermal 
expansion and micromechanical modelling. A flow chart of research approaches can be seen 
in Figure 1.1. 
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Multicomponent 
MT DATA *LBSD-rEDX *Nanoindentation *High-temperature 0 Eslielby 
X-ray Tomography XRD modelling 
Figure 1.1 Flow chart of research approaches 
Firstly, what are the phases formed in multicomponent Al-Si alloys? Thermodynamic 
modelling, and specifically the MTDATA commercial software package, is an important 
technique to predict phases present in multicomponent Al-Si alloys at thermal equilibrium by 
minimising the Gibbs free energy of the system. Thennodynamic calculations using a Scheil 
approach have also been used to predict the equilibrium or segregated structure in 
multicomponent Al-Si alloys. Additionally, phase formation has been investigated; the 
formation temperature of phases can be predicted by then-nodynamic calculation and has also 
been observed using high temperature differential scanning calorimetry (DSC), and the results 
compared with each other. These are presented in Chapter 4. 
Secondly, how can the complex intermetallic phases in multicomponent Al-Si alloys be 
identified? Phase identification is often non-trivial in multicomponent Al-Si casting alloys due 
to the many complex intermetallic phases that fonn. These include, for example, the CuA12. 
AIN, A13Ni2, A17Cu4Ni, AlqFeNi, AlFeMnSi, and A15CU2Mg8SI6 phases, all of which may 
have some solubility for additional elements. Thus, in Chapter 5, a complete understanding of 
microstructural evolution in multicomponent Al-Si piston alloys has been developed using a 
2 
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variety of experimental techniques. A combination of electron backscatter diffraction (EBSD) 
and energy dispersive X-ray analysis (EDX) have been used for the identification of the 
various phases. Additionally, fatigue crack initiation behaviour has also been investigated 
using a combined EBSD and EDX method. X-ray tomography, which is a non-destructive 
technique, provides reliable 3D images of internal microstructure and has been applied in this 
work in order to observe the 3D morphology of some of the complex intermetallic phases. 
The inten-netallic particles of interest can also be extracted and observed directly from the 
reconstructed 3D images. 
Thirdly, what are the mechanical properties of the intermetallic phases in multicomponent Al- 
Si alloys? Nanoindentation is an important technique for probing the mechanical behaviour of 
materials at small length scales via continuously recording the force applied and the 
corresponding displacement during an indentation, from which the two important properties, 
hardness and elastic modulus, can be obtained. Nanoindentation has the unique capability of 
independently extracting the local mechanical properties of individual constituents or particles 
in multiphase systems. Therefore, in Chapter 6, the nanoindentation technique has been used 
to measure the hardness and reduced modulus of the intermetallic phases in multicomponent 
AI-Si alloys. In addition, an investigation has been carried out to determine whether the 
mechanical properties of individual intermetallic phase are affected by changes in their 
chemical composition. 
However, the mechanical properties of materials strongly depend on the temperature. Thus, in 
Chapter 7, the mechanical properties of different intermetallic phases have been investigated 
as a function of temperature using hot-stage nanoindentation (2000C and 350'C). Another 
aspect of interest was to investigate how the mechanical properties correlate with composition 
at elevated temperatures. The creep behaviour of different intermetallic phases has also been 
investigated. 
Fourthly, what are coefficients of thermal expansion of the intermetallic phases? This is an 
important issue. Since most automotive piston engines are currently running at service 
temperatures of up to 350*C, with diesel engines running even hotter, thermal stresses can be 
introd uced by the thermal misfit between matrix and intermetallic phases during the cooling 
or heating and promote microstructure damage processes such as particle cracking. In Chapter 
8, a high temperature X-ray diffraction technique has been used to measure the lattice 
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parameters between 251C and 400T. The change in the lattice parameters as a function of 
temperature was used to estimate the coefficient of thermal expansion (CTE) for different 
intermetallic phases. Thus, a basic data set for the thermal expansion of specific intermetallic 
phases has been established. Thermal expansion anisotropy also has been investigated in non- 
cubic intermetallic phases. The effect of thermal misfit on the formation of thermal cracks has 
also been investigated as part of this chapter. 
Finally, in Chapter 9, all of the diffraction experiments data obtained from nanoindentation 
(hardness and modulus) and high temperature X-ray (coefficients of thermal expansion) has 
been put together to calculate the internal stresses or thermal stresses of the model alloys 
using an Eshelby modelling approach. In Chapter 10, Conclusions, in addition to summarising 
the research, suggestions are made based on the new knowledge of mechanical and physical 
properties of the complex intermetallic phases of a possible ideal piston alloy for both 
improved high temperature strength and fatigue resistance. 
4 
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CHAPTER 2 
LITERATURE SURVEY 
2.1 Introduction 
Multicomponent Al-Si casting alloys have been developed progressively during the past 
decade in order to improve both their physical and mechanical properties. Therefore, in order 
to provide an understanding of the background of piston alloys for further research, in this 
chapter three main topics will be surveyed; the main features and functions of the motorcar 
piston, solidification of alloys, and phase analysis of multicomponent Al-Si alloys. 
2.2 The Motorcar Piston 
The main task of the piston is to convert combustion energy into mechanical energy. In this 
process, the combustion chamber produces high pressures and temperatures. However, with 
the rapid development of the automotive industry, the piston is required to have good enough 
mechanical and physical properties to serve in increasingly hostile environments, particularly 
for high-speed engine applications. 
2. Z I The Petrol and Diesel Engine Piston 
In order to understand the major differences between a petrol engine and a diesel engine, the 
best explanation is provided by consideration of the case of the injection system. Petrol 
engines use a spark plug to provide electrical ignition for a mixture of air and fuel; therefore, 
they are classified as spark ignition engines. On the other hand, a diesel engine contains only 
air on its compression stroke and compresses air to ignite and bum the fuel, and therefore this 
uses a compression ignition manner to obtain heat energy. This is the reason why diesel 
engines always utilise a very high compression ratio (approximately 17: 1 to 23: 1) in contrast 
to a petrol engine which is only 8: 1 or 9: 1 [Duf 90]. 
However, finther investigation of petrol and diesel engine pistons reveals that there are some 
differences between them in the following respects: first, the external dimension of the diesel 
engine piston is bigger than the petrol piston. This is because the diesel engine piston needs a 
5 
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large section thickness of metal in order to withstand the higher cylinder gas temperature and 
pressures without distorting in the combustion chamber. Petrol engine pistons currently run at 
up to 350'C, in contrast to the diesel engine piston which can run even hotter. Secondly, there 
are a different number of piston rings. Diesel engine pistons have to serve in a more arduous 
environment than petrol ones. Consequently, they are required to have more piston rings to 
avoid gas leakage and to seal properly. Typically, the rings of the diesel engine piston 
generally include three compression-rings and one oil control-ring. 
222 The Piston Assembly and Construction 
The piston engine is an internal combustion process. As a result, considerable heat energy is 
converted into mechanical work, providing the reciprocating motion of the piston (hence it is 
also called a reciprocating engine). The piston action is transmitted by a connecting rod to a 
crankshaft, which converts the linear piston motion in the cylinder to a rotary crankshaft 
movement, as shown in Figure 2.1 [He199]. Figure 2.2 explains the piston construction. 
Cylinder 
Piston 
Gudgeon-pin 
Connecting-rod 
Flywheel 
Crankshaft 
Figure 2.1 Schematic diagram of a piston assembly, after Heisler [Hei99] 
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pin bou 
relief 
Figure 2.2 Schematic diagram of the piston components, after Heisler [Hei99] 
The Piston Crown 
The piston crown is located on the top surface of the piston and its shape is very important to 
the combustion process because it forms a portion of the combustion chamber. This means 
that the function of the piston crown is to supply the movable wall which allows the cylinder 
to serve as an expander. The shape of the crown can be flat, dished, domed or irregular shaped 
depending on the particular design of the combustion chamber, the different compression 
ratios required by different engine models, and the situation of matching or working with the 
shape of cylinder head. For example, in some cases the crown is slightly domed which allows 
the use of higher compression ratios for high-powered engines. In addition, because the piston 
crown must withstand the higher pressures and temperatures during the internal combustion 
process, they require good high temperature strength to withstand this demanding situation. 
This is the reason why, as mentioned previously, the crown section of the diesel engine piston 
has to be thick enough to withstand the temperature and pressure within the combustion 
chamber. The crown design of diesel engine pistons is totally different from petrol engine 
pistons due to the different ignition requirements. 
The Piston Ring 
Automotive pistons are usually fitted with two or three compression rings and one oil control 
ring located in the bottom groove. They are important factors in the efficacy and performance 
of piston engines. For example, the compression rings prevent the leakage of gas through the 
clearance between the piston and the cylinder, and are also called pressure rings or gas rings. 
On the other hand, the oil ring controls the thickness of the oil film and scrapes excess oil off 
7 
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the cylinder wall; hence, they are also called 'scraper' rings. Piston rings are situated in a 
complex position where high wear, temperature and pressure are required and therefore the 
choice of materials for piston rings becomes important. The priority is their wear resistance, 
especially in the case of compression rings, because otherwise there could be abrasion 
between the ring and the cylinder wall under conditions of scant or unstable lubrication. The 
next priority is elasticity. This is because the rings must provide a sufficient outward pressure 
to maintain contact with the cylinder wall in order to avoid the escape of gas from combustion 
chamber. Finally, good high temperature strength is required. For these reasons, cast irons 
have typically been used to match the above requirements. In addition, the wear resistance can 
also be improved by coating the ring surface with chromium. 
The Piston Ring Belt 
The area of the piston ring belt is from the top of the piston to the gudgeon pin boss, and 
consists of the ring lands and the ring grooves. It is a most important part of the piston due to 
the requirement for high accuracy. The ring grooves are located between the piston head and 
the skirt and their function is to allow the installation of piston rings. Moreover, the ring 
grooves must be deep enough to prevent the piston rings hitting the base of the grooves when 
the rings are pushed inwards. - The sections remaining between the grooves are called the ring 
lands and they confine and prop up the piston rings in the grooves. 
The Piston Skirt 
The skirt forms a downward tubular extension below the ring-belt. Its function is to ensure 
that the piston remains parallel with the cylinder wall, without any slope, during the piston 
motion. Therefore, this is the reason why the piston skirt must be long enough to withstand 
tilting of the piston. The piston skirts are usually designed to be as close fitting as possible in 
the cylinder with only the separation of the oil film, in order to achieve a quiet movement and 
efficient heat release. In fact, experience has shown that the best skirt shape is a narrow 
surface on the top of the thrust axis and an increase in the width towards the bottom to result 
in a minimum amount of friction and piston noise [Hep9l]. 
Gudgeon -Pin Bosses and Piston Webs 
In order to transmit the combustion gas load from the crown to the connecting rod, it is 
necessary to connect the gudgeon-pin boss to the piston crown via substantial struts or thick 
webs. Furthermore, the gudgeon-pin boss is required to have an extremely fine surface and an 
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accurate gudgeon pin hole. The bosses should also act as a bearing surface for the rocking 
motion of the connecting rod because the gudgeon pin makes contact with the bosses. 
ZZ3 Th e Criteria for an Ideal Piston Material 
An ideal piston material has to possess several important characteristics including good 
castability; high temperature strength; high strength-to-mass ratio; good resistance to surface 
abrasion; good thermal conductivity and low thermal expansion. In early engines, because 
they performed at relatively slow speeds, the pistons were normally made from cast iron or 
steel. Although these materials exhibit good strength and hardness at the operating 
temperature and form a good bearing surface against the cylinder wall, they are relatively 
heavy and are not particularly good conductors of heat. They can also exhibit a brittle 
behaviour which can allow crack propagation. Consequently, in recent decades, these 
problems have been solved by using aluminium-silicon alloys with an addition of about 12 
wt. % Si and small quantities of other elements. Such aluminium alloys are now widely used 
and have been found to meet all normal present-day requirements. Some of their physical and 
mechanical properties are illustrated below. 
Lightweight 
The piston is a major reciprocating part, and therefore rises in automotive engine speeds will 
result in excessive inertia forces. For this reason, it is necessary to reduce the weight of the 
piston, permitting the engine to run at a higher speed and to achieve more power with less 
inertia forces. The best choice of the lighter materials is aluminium because it has only around 
one third of the mass of cast iron (a relative density of 2.6 compared with 7.1 for cast iron). 
Aluminium is usually alloyed with small amounts of elements such as copper or silicon, the 
relative densities of these being 8.9 and 2.3 respectively, to improve considerably the 
strength-to-mass ratio of the piston [Hei99]. On the other hand, it is also necessary to thicken 
the cross section of the piston construction to offset the poorer stiffness of aluminium alloys 
and to add different elements in order to make a compromise between the lightweight and 
strength requirements. As a result, aluminium alloys are approximately half the weight of 
their cast iron counterparts [Hep60]. 
High Strength and Good Wear Resistance 
Pure aluminium cannot be used for a piston material because it is not strong enough to 
withstand the extremely high combustion pressures and operating temperatures, in excess of 
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300T, because its tensile strength is only - 31 Nmm"2. On the whole, aluminiurn has two 
features which create problems not encountered with the cast iron piston. One is its lower 
strength and hardness which results in lower wear resistance; the other is a higher rate of 
expansion. For the first limitation, small percentages of other elements such as copper, nickel, 
magnesium and manganese are usually alloyed with aluminium to improve the overall 
behaviour and strength of the piston over the operating temperature range. These properties 
are attributed to harder intermetallic phases that are formed in the aluminiurn matrix which 
impart better mechanical properties. Additionally, silicon markedly affects the material 
hardness, and provides a good wear resistance to abrasion. 
Good Thermal Conductivity 
Generally speaking, aluminiurn has superior thermal conductivity to cast iron. Considering 
silver as 100%, aluminiurn and cast iron have relative conductivities of 38% and 11.9% 
respectively. As the aluminium. can conduct 3.2 times more heat away in a given period and 
alloy pistons have thicker sections than cast-iron piston, heat transfer is superior with these 
light pistons [Hei99]. Due to the better heat dissipation of aluminium-alloy pistons compared 
with cast iron pistons, the operating temperature of the piston crown is significantly lower, in 
the range of 2500C - 3000C for aluminiurn alloys compared to 400-500'C for cast irons. This 
in turn causes less heating of the fresh mixture during the induction stroke, so that the mixture 
filling the cylinder is cooler and denser, leading to improved engine power output [Hil9 1 ]. 
Low Thermal Expansion 
Aluminium has an inherently larger coefficient of thermal expansion with rise of temperature, 
approximately twice that for cast iron (0.0000221 per *C and 0.0000117 per *C, respectively) 
when both are heated at the same rate. Therefore, when using aluminiurn for a piston material 
it is normally necessary to enlarge the clearance between the piston and cylinder in order to 
avoid the piston becoming tight and seizing under operation temperature. Conversely, this 
may also lead to considerable noise (piston slap) when cold. Al-Si alloys can overcome this 
weakness by minimising thermal expansion. This is because silicon reduces the rate of 
expansion of the piston as the material becomes hotter. As the silicon content increases, the 
thermal expansion coefficient is reduced to 0.0000175 per IC with 22 % silicon [Hei99]. 
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Good Castability 
Al-Si alloys have their lowest melting temperature when they are at the eutectic composition. 
Because of this behaviour, they can be cast in steel moulds or dies. This gives greater 
accuracy of casting and reduced costs if the pistons are made in large numbers. It is also 
possible to reduce porosity and minimise shrinkage and hot tearing due to the fact that there is 
both sufficient fluidity and a low viscosity during the solidification process [Gru90]. 
Good Machineability 
Aluminium alloys are usually softer than cast iron and are easier to machine, which can result 
in a reduction in the manufacturing costs. 
ZZ4 Evolution of Com m ercial A I-Si A Iloys 
Several different commercial AI-Si alloys have been developed progressively during the past 
decade. They have not only successfully replaced cast iron for automotive pistons, but have 
also seen significant improvements both in their physical and mechanical properties. In early 
years, a near eutectic AI-Si alloy was designed for the requirements of extremely low thermal 
expansion, good wear resistance and good castability. Later, a higher copper content, together 
with a small amount of phosphorus, was added to near eutectic AI-Si alloys in order to 
improve the hardness and yield strength for petrol pistons. 
Commercial piston alloy design then focussed on improvements to provide better toughness, 
higher hot tensile strength, increased temperature yield strength, and a lower hot elongation at 
rupture in comparison to the early commercial alloys [Edw021. These superior mechanical 
properties may be attributed to the appreciably higher contents of nickel and copper. 
Therefore, these piston developments allowed AI-Si alloys to run in faster direct injection 
diesel engines, which are required to have good strength at temperatures over at least 300'C. 
In recent years, attention has also been paid to the use of additional grain refining elements 
such as titanium, zirconium and vanadium. These elements, combined with additions of nickel 
have allowed alloys to maintain sufficient strength and fatigue life in service at temperatures 
of -350*C and have been supplied for new light vehicle diesel and heavy-duty diesel 
applications. 
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2.3 Theory of Solidification 
In this section, the principles of solidification are introduced, including nucleation and growth 
of crystals, alloy solidification (equilibrium and Scheil), grain structure and segregation in 
castings. Solidification plays a vital role in influencing the microstructure and hence affecting 
the quality and mechanical properties of cast products. It is therefore important that an 
understanding of the mechanisms of solidification is developed and how it is affected by 
parameters such as temperature, time, and cooling rate. 
Z3.1 Nucleation 
Nucleation occurs when a small piece of solid forms from a liquid. When a liquid cools to just 
below its equilibrium freezing temperature before it solidifies, there is a change in free energy 
(AG) between the liquid phase and the solid which provides the driving force for 
solidification. In other words, solidification will be accompanied by a decrease in free energy, 
as shown in Figure 2.3. For transformations that occur at a constant temperature and pressure 
the relative stability of a system is determined by its free energy [Por92]. Therefore, if it has 
the lowest possible value of the free energy the system will be in stable equilibrium. From 
classical thermodynamics, the change in free energy is made up of two terms: the enthalpy 
(AM and the entropy (AS) change from liquid to solid during fusion, which is defined by 
Equation 2.1 where T is an absolute temperature. 
Therefore, 
AG = AII- TAS 
12 
CD 
(D 
0 
Temperature 
(2.1) 
Figure 2.3 Difference in free energy between the liquid and solid close to the melting point. 
The curvature of the lines has been ignored. 
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If the free energy of the solid is lower than that of the liquid, energy will be released 
(available to drive the transformation). Therefore, phase transformations are often concerned 
with the change in free energy change between two phases at temperatures away from the 
equilibrium. However, when T=T.. (equilibrium melting temperature), the free energies of 
solid and liquid are equal, i. e. AG = 0. 
Consequently 
AG = AH- T .. AS=O 
at T,, this leads to an expression for the entropy of fusion in terms of the latent heat as follows 
AS ,= 
AH 
=L (2.2) T. T. 
where L is the latent heat of fusion. lowever, if the condition, which is TO T,,, occurs during 
solidification, the free energy cannot be zero and it is assumed that the entropy of the liquid is 
close to that of solid. Therefore, combining Equations 2.1 and 2.2 gives: 
AG = 
AH-(T,. -T) AH-AT (2.3) 
T. T. 
Homogeneous Nucleation 
If a liquid is cooled below its equilibrium melting temperature, there is a driving force for 
solidification and it might be expected that the liquid phase would spontaneously solidify 
[Por92]. This is because the initial stage in the formation of a crystal is the spontaneous 
aggregation of a few hundred atoms of the liquid in the geometrical pattern characteristic of 
the crystal, forming what is termed an embryo. In order to cause formation of a stable nucleus, 
the embryo must reach a certain size, dependent on the temperature. This type of nucleation is 
referred to as homogeneous. Consider a given volume of liquid at a temperature below 
equilibrium melting temperature with a free energy change. The change in the free energy 
consists of the interfacial free energy (ysL), which is associated with the interface, and the 
volume free energy (AGv), which is related to the size of the growing nucleus. Thus, the total 
change in energy for a spherical embryo of radius, r, is given by: 
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=_4 ; zrAGv + 4; zr'ysL 3 
(2.4) 
where 
4 
; zrand 4; zr 2 are the volume and the area of a spherical embryo, respectively. 3 
AGv = GL -GL (2.5) vs 
For an undercooling AT, AG, is given by Equation 2.2 as 
V= 
Lf AT 
(2.6) 
T. 
where Lf is the latent heat of fusion per unit volume. However, Figure 2.4 shows that there is 
a maximum positive value of the change in free energy (AG*). This certain radius r* is known 
as the critical nucleus size. If r< r*, dissolution of the solid decreases the free energy and 
forms unstable clusters or embryos, whereas if r> r*, the system can lower its free energy by 
spontaneous growth and stable particles are formed, which are referred to as nuclei. Since 
dAG/dr--O when r= r* the critical nucleus is effectively in (unstable) equilibrium with 
surrounding liquid [Por92]. Consequently, r* can be easily obtained by differentiation of 
Equation 2.4 as 
IV 
r* = ý/ sL (2.7) AG, 
and 
3 167qsL 
3(AGv)' 
(2.8) 
Substituting for AG, from Equation 2.6 in Equation 2.7 gives 
2ysLT. 
Lf AT 
(2.9) 
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Clearly, as the undercooling increases, the critical radius which is required for nucleation 
decreases, Therefore, it can be concluded that it is possible for homogeneous nucleation to 
occur when the undercooling becomes large enough to cause formation of a stable nucleus. 
+ 
d nergy 
Figure 2.4 The free energy change associated with homogeneous nucleation of a sphere of radius, r 
It is very important to consider how fast solid nuclei will appear in the liquid at given 
undercooling. The rate of homogenous nucleation, Ih,., depends on the number of the 
critically sized embryos per unit volume, n,.., and the frequency with which atoms join them 
from the melt. On average the number of spherical clusters of radius r is given by 
AG* 
nr* =n- expý -k-T 
) 
where n is the total number of atoms per unit volume. 
The frequency of transfer of atoms is inversely proportional to the viscosity and may be 
described by (k - T1h) - exp- 
(AGD1k 
- T) where AGD is identified with the activation energy 
for diffusion, k is Boltzmann's constant and h is the Planck constant. The rate of 
homogeneous nucleation is given by 
15 
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Illoln ýnk-T- exp- 
AG * +AGD 
k-T 
Heterogeneous Nucleation 
In practice homogeneous nucleation never occurs in liquid metals except in unusual 
laboratory experiments. Instead heterogeneous nucleation occurs either at impurity particles, 
or at the mould wall in contact with liquid, which provides a surface on which the solid can 
form. In addition, when nucleation occurs on impurity surfaces with small undercoolings, it is 
necessary to reduce the interfacial energy to make nucleation easier. This can be seen from 
Equation 2.8. Therefore, considering simple nucleation on a perfect flat mould wall, a solid 
embryo can form as shown in Figure 2.5. It can be shown that for a given volume of solid the 
total interfacial energy of system is minimized if the embryo has the shape of a spherical cap 
with a 'wetting' angle 0 given by the condition that the interfacial tensions )/,,, 7,,, and s Z: ) )/ I, 
balance in the plane of the mould wall [Por92]. 
Y'a 
Figure 2.5 Heterogeneous nucleation with spherical cap forming on an impurity surface 
Therefore, 
7AIL =: 7S, W + YSL COS 
0 or COS 0=(, VL - ; /sm )I Ysl, (2.12) 
where ; vmL , 7,,, and are the 
free energies of the solid/liquid, solid/mould and 
mould/liquid interfaces, respectively. However, note that the vertical component of 7SL 
remains unbalanced, so Equation 2.12 only gives the optimum embryo shape on condition that 
16 
Chapter 2 Literature Survey 
the mould walls remain planar [Pro92]. Consequently, due to the formation of such an embryo 
an excess energy of heterogeneous nucleation can be given by 
AGý, = -Vs AGv + AsL rsL + Asm rsm - Asm rmL (2.13) 
where Vs is the volume of the spherical cap, Asm and AsL are the areas of the solid/liquid, 
and solid/mould interfaces. In order to show the dependence in terms of the wetting angle 0 
and the cap radius r, Equation 2.13 can be written as 
AG hel 
( 
71r 
22 0). (Y. y UL +2 
.3 
AG V COS 0)2 (2+COSO sin Sm 
(2izr 
ysL 
). (I-Coso)- ýýT 
or 
AGý,, ý; zr'AGv + 4; zr'ysL S(O) (2.14) 3 
where S(O) = (2 + COS 0) . 
(1 _COS 0)2 /4 
The equation of the free energy change for heterogeneous nucleation is the swne as that of 
homogeneous nucleation except for the shape factor S(O). However, the critical nucleus radius 
is given by the differentiation of Equation 2.14 and can be shown to be 
2ysL (2.15) 
AGY 
and 
AG* = 
16 -; r -, vsL 
3 
S(O) (2.16) 
3- (AGv)' 
Combining Equations 2.8 and 2.16 gives 
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AGh, =S) *A hom 
S(O) has a numerical value :51 dependent only on 0; thus, the excess free energy of solid 
clusters for heterogeneous nucleation is smaller than that for homogeneous nucleation, as 
shown in Figure 2.6. This also illustrates that much less undercooling is required to achieve 
the critical size of nucleus and nucleation can occur more readily. This is because a solid 
forming on an impurity decreases the interfacial energy barrier to nucleation. As a result, only 
a few atoms may need to cluster together to produce a solid particle in the case of 
heterogeneous nucleation. 
+ 
(Is 
t5 
r 
-Yhet 
Figure 2.6 Schematic diagram. illustrating the energy barrier for homogeneous, AGh'. 
and heterogeneous nucleation, AGh,, 
An expression for the rate of heterogeneous nucleation is given in Equation 2.17, which is in a 
similar format to Equation 2.11 for homogeneous nucleation: 
'he, = n-k-T - exp- 
(2+cosO). (I-cosO)' AG*+AGD (2.17) 
h 4-k-T k-T 
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In the relatively simple analysis of heterogeneous nucleation described above, the 
effectiveness of a nucleant can be related to the contact angle, 0. This is an important factor 
in determining the energy barrier for heterogeneous nucleation. 
Z3.2 Growth 
Growth occurs as atoms are attached to the solid, which forms during nucleation, by a 
diffusion process. The nature of the growth of the solid depends on how heat is removed from 
system. Therefore, two types of heat removal must be considered. One (Is the specific heat of 
the liquid that must be taken out either by radiation into the surrounding atmosphere or by 
conduction into the surrounding mould, until the liquid cools to its freezing temperature 
[Ask96]. Another is the latent heat of fusion, which must be removed from the solid-liquid 
interface through the solid to the surroundings before solidification is completed. However, it 
should be noted that removal of latent heat plays a crucial rule in determining the growth 
mechanism and final structure. 
Planar Growth 
In pure metals solidification is controlled by the latent heat of fusion. This results in a strong 
effect on the shape of the interface on a macroscopic scale. When a solid grows into a 
superheated liquid, a planar solid/liquid interface is stable. Consequently, the heat flow away 
from the interface through the solid must balance that from the liquid plus the latent heat 
generated at the interface [Por92]. Therefore, this growth mechanism is known as planar 
growth and the equation for a planar interface can be given as 
KsTs = KLTL' + vLv (2.18) 
where K is the conductivity, Pis the temperature gradient, (the subscripts S and L stand for 
solid and liquid), v is the rate of growth of the solid, and LV is the latent heat of fusion per 
unit volume. When the temperature of liquid is greater than the freezing temperature, a local 
increase in the rate of growth of the solid results in a small protuberance forming at the 
interface, as shown in Figure 2.7. However, if the curved radius of the protrusion is large 
enough, the temperature gradient in the liquid ahead of the nodule will increase. Therefore, 
more heat will be conducted into the protruding solid and less away so that the growth rate 
will decrease below that of the planar regions and the protrusion will disappear [Por92]. In 
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other words, if the latent heat is not removed by conduction it very quickly eliminates the 
surpercooling and suppresses the solidification process. 
* Growth direction 
4 
Heat flow,, 
Solid 
Protuberance 
Actual temperature 
Liquid 
-------------------------- Freezing temperature 
Figure 2.7 When a solid grows into a superheated liquid, a protuberance on the solid-liquid 
interface will not grow. The latent heat is removed from interface through the solid [Ask96]. 
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Dendritic Growth 
When an interface is below the equilibrium melting temperature, a small solid protuberance 
which forms can grow into supercooled liquid. As the result, the negative temperature 
gradient in the liquid becomes even more negative. Under this condition, heat is removed 
more effectively from the tip of the protrusion than from the surrounding regions allowing it 
to grow preferentially [Por92]. In other words, in order to obtain a certain supercooling for 
nucleation the first solid particles are required to grow into the supercooled liquid and the 
latent heat of solidification will be conducted away into the liquid. Under these conditions, a 
small solid protuberance, which forms at interface, is encouraged to grow. This shape of solid 
is called a dendrite, as shown in Figure 2.8. 
--------- * Growth direction 
k-\"k 
ý-, ý"ý 
Heat flow Solid (dendrite) 
10 
A Hf 
Solid Liquid 
Actual temperature 
Freezing 
temperature 
Undercooled liquid 
Figure 2.8 When a solid grows into a supercooled liquid, a protuberance on the 
solid-liquid interface will grow and heat is conducted into the liquid (Ask96]. 
Supercooling provides the driving force for dendritic growth. However, so far only the 
thermal supercooling in pure metals has been considered whereas the supercooling which 
occurs in alloys is different from pure metals. Here the supercooling arises from a 
compositional, or constitutional effect, and is known as 'constitutional supercooling'. The 
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solidified material has a different composition from that of the liquid from which it forms 
[Ree9l]. The process of solute diffusion into the liquid during solidification of an alloy can be 
compared to that of the conduction of latent heat into the liquid during the solidification of a 
pure metal and therefore dendritic growth will occur. Additionally, there is a corresponding 
variation in the equilibrium solidification temperature due the varying solute concentration 
ahead of the solidification front, as shown in Figure 2.9 a). The liquid temperature and the 
actual temperature are given by T, and TL, respectively. Therefore, if the temperature gradient 
is less than the critical value, shown in Figure 2.9 b), the liquid in front of the solidification 
front is below its equilibrium freeing temperature. It is supercooled and solidification 
therefore is still possible and a protrusion can develop. On the other hand, if the temperature 
gradient ahead of the interface is steeper than the critical gradient the tip will be raised above 
the liquidus temperature and the protrusion will melt. 
Solute content, X' 
a) XO/k- 
X, 
Temperature, T T, 
t 
b) 
T. 1 
----------------- 
= 
_ýCritical gradient 
TL 
------------ --- 
T 
Constitutional 
supercooling 
Solid I Liquid 
Distance, X 
Figure 2.9 The origin of constitutional supercooling ahead of a planar solidification front including both a) the 
composition profile across the solid/liquid interface during steady-state solidification and b) the temperature of 
the liquid ahead of the solidification front follows line TL. The equilibrium liquidus temperature for the liquid 
adjacent to the interface varies as T,. Constitutional supercooling arises when TL lies under the critical gradient, 
after Edwards [Por92]. 
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2.3.3 Alloy Solidification 
Equilibrium Solidification 
Alloy solidification in practice depends on composition temperature gradients, cooling rates 
and growth rates. In an ideal case, infinitely slow cooling rates can result in equilibrium 
solidification for which it can be assumed that there is complete diffusion in the liquid and 
solid state. Figure 2.10 shows equilibrium solidification represented on a phase diagram, 
which has been idealized by assuming that the solidus and liquidus are straight lines. It is 
useful to define a partition coefficient k as 
c' 
CL 
(2.19) 
where CS and CL are the solid and liquid compositions for the condition of equilibrium at a 
given temperature. When an alloy with composition Co grows with a planar front and begins 
to solidify at TI, a small amount of solid with composition kCO forms and become increasingly 
enriched in solute as the temperature is lowered. Additionally, since the cooling rate is slow 
enough to allow extensive solid-state diffusion, the solid and liquid will be homogenous with 
compositions following the solidus and liquidus line [Por92]. Considering the temperature T2, 
the entire solid will be of uniform composition CS = CS2 and the entire liquid of uniform 
composition CL = CL2 9, thus an equilibrium 
lever rule is written as 
Csfs + 
CLfL 
= Co (2.20) 
where fs and fL are mass fractions of solid and liquid, respectively. This is simply the 
equilibrium lever rule, which can be used for the calculation of fraction solidified at a given 
temperature. When alloy Co is just cooled to below the temperature T3, the solid must contain 
the uniform concentration Co and this system becomes completely homogeneous. Note that 
substantial solute redistribution occurs during solidification, so the material is homogeneous 
only before and after solidification. 
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T, 
T2 
T3 
TE 
Composition No. 
Figure 2.10 Solute redistribution in equilibrium solidification of an alloy of composition 
CO, assuming complete diffusion in the solid and liquid state. 
Non-Equilibrium Solidification 
Equilibrium solidification is rarely encountered in practice. This is because solidification is 
almost never slow enough to approach equilibrium solidification. Therefore, a case of much 
more practical interest than the former is non-equilibrium solidification, which is normally 
found during casting processes. In order to describe the process there are several important 
assumptions which are normally made. First, diffusion of solute does not occur in the solid; 
second, the liquid composition is kept homogenous during solidification by efficient stirring; 
and third, the solid and liquid across the interface are in local equilibrium. 
According to these conditions, consider again alloy Co in non-equilibrium solidification, as 
shown in Figure 2.11. The first solid will appear at T, and is of composition kCO, lower in 
solute than the initial liquid composition. Therefore, the first solid will be purer than the liquid 
from which it forms, resulting in solute being rejected into the liquid and raising its 
concentration above Co [Por92]. As solidification continues, the mean non-equilibrium 
solidus line Cs continues to separate from the equilibrium solidus line Cs. Clearly, Cs is 
always lower than the composition at the solid/liquid interface. Since there is no diffusion in 
the solid, the composition of the first solid remains unchanged. During subsequent cooling 
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and solidification, the next layer of solid will be slightly richer in solute than the first layer. 
As this sequence of events continues, a non-uniform composition occurs throughout the solid, 
which is called segregation. Finally, the liquid becomes much richer in solute than X0 /k and 
it can even reach a eutectic composition, CE, and form a eutectic structure. However, since the 
solute rejected when a small amount of solid forms with the resulting solute increase in the 
liquid, the concentration of the solute in the solid is less than that in the liquid. Therefore, this 
balance is 
- CL)d = (I - fs)dCL (CS fS (2.21) 
Integrating this equation using the boundary conditions which exist at the start of freezing; 
f, =0 and Cs = kCo, yields 
Cs = kCo (1 _ 
fs )(k-1) (2.22) 
This equation is known as the non-equilibrium lever rule or the Scheil equation. 
Mean non-equilibrium solidus line Cs 
T1 
T2 
T3 
H 
TE 
Equilibrium liquidus lines CL 
Equilibrium soliclus: line Cs 
Composition Do. 
Figure 2.11 Solute redistribution in non-equilibrium solidification of an alloy of composition Co. it is 
assumed that there is no diffusion in the solid, but complete mixing in the liquid. 
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Segregation 
In the case of non-equilibrium solidification, faster cooling rates cause greater departures 
from equilibrium. Additionally, no diffusion takes place in the solid, preventing the 
movement of atoms. This mechanism results in the separate layers of solid retaining their 
original compositions. The non-unifonn composition produced by non-equilibrium 
solidification is known as segregation. There are two types of segregation which can be 
distinguished in solidified structures. First, micro-segregation often occurs over short 
distances between small dendrite arms. Large differences in composition can arise across the 
dendrites due to coring and the formation of non-equilibrium phases in the last solidifying 
drops of liquid [Por92]. Due to the first solid freezing in the centres of the dendrites this 
region is rich in the higher melting point element in the alloy. However, the lower melting 
point element occurs in the regions between the dendrites where it represents the last liquid to 
freeze. The composition and melting point constituents differ from one region to the next, 
resulting in the casting possibly having poorer mechanical and physical properties. However, 
the effect of micro-segregation can often be overcome by subsequent homogenisation heat 
treatment. The temperature is required to be below the mean non-equilibrium solidus line Cs 
in order to avoid melting of the lower melting point interdendritic material, or 'hot shortness'. 
Only a few hours of heat treatment time can eliminate most of the composition differences in 
many cases. The homogenization time can be given by 
c(SDAS)2 IDs (2.23) 
where SDAS is the secondary dendrite arm spacing, Ds is the rate of diffusion of the solute in 
the matrix, and c is a constant [Ask96]. Clearly, a shorter homogenisation time is required if 
there is a small spacing distance Ds. Micro-segregation can also occur within a gain (called 
coring), as shown in Figure 2.12, or between grains (called interdendritic segregation). On the 
other hand, macro-segregation is the composition difference over a large distance between the 
surface and the centre of the casting. Unfortunately, macro-segregation cannot be eliminated 
by a homogenisation treatment due to the diffusion distances being too great; therefore, it can 
only be overcome by good control of the solidification process. 
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Figure 2.12 Cored structures can occur within a grain. Higher melting point solutes distribute in 
the B pool, and the centre of the core, A and C, are the lowest concentration of that solute. 
Z3.4 Casting or Ingot Structure 
If molten metals are poured into moulds and permitted to solidify to a finished shape, which 
may need to be reshaped by machining, they are called castings. In other cases, if the mould 
produces a simple shape that requires extensive plastic deformation by rolling or extrusion, 
the pieces are called ingots. Generally speaking, there are three different zones which can be 
distinguished in solidified alloy ingots including the outer chill zone, the intermediate 
columnar zone, and the central equiaxed zone. Their presence and extent in ingot structure 
depend both on nucleation and on crystal growth. 
ChillZone 
The chill zone is a narrow band with randomly oriented gains situated at the surface of 
casting. When liquid metals are poured into moulds and contact with the cold mould wall, the 
metal will be rapidly cooled below the liquidus temperature; hence, there are many 
heterogeneous nucleation sites at the surface of the mould wall which can begin to grow into 
the liquid. If the melt is undercooled, a crystal swept into the melt may be able to continue to 
grow; this is known as 'big-bang' nucleation and produces an entirely equiaxed ingot 
structure, i. e. no columnar grains form [Por92]. 
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Columnar Zone 
As heat continues to be removed by the mould wall after the chill zone forms, this will lead to 
the formation of a columnar zone. It contains elongated grains oriented in a particular 
crystallographic direction. For instance, in metals with a cubic crystal structure, the grains in 
the columnar zone have <100> directions that are close to the direction of heat flow and 
perpendicular to the mould wall. The preferred orientation of the columnar structure can 
affect the physical and mechanical properties of the metal. Indeed, the columnar zone is 
influenced primarily by growth rather than nucleation. Therefore, each columnar crystal may 
contain many primary dendrites if the liquid is undercooled. Additionally, the region between 
the tips of the dendrites and the point where the last drop of liquid is solidifying is known as 
the mushy or pasty zone; the width of this zone depends on the temperature gradient and the 
non-equilibrium freezing range of the alloy [Por92]. 
EquiaxedZone 
The equiaxed zone forms in the centre of an ingot and contains equiaxed grains with a random 
orientation. These grains grow as relatively round and stop the further growth of the columnar 
grains. Nucleation of the crystals within the equiaxed structure occurs when the liquid reaches 
its nucleation temperature, as a result of constitutional supercooling [Cha64]. Therefore, it can 
be assumed that each crystal in a casting or ingot represents a new nucleation event. For an 
equiaxed structure, grain refinement is a vital factor in controlling the size of the crystals 
which influences the mechanical and physical properties of ingot. Equiaxed grains are 
frequently preferred for many reasons, including improved and more uniform properties and 
berieffis in subsequent processing. In aluminum alloys the transition from columnar to 
equiaxed growth is often promoted by the addition of Ti and B containing master alloys that 
provide heterogeneous nuclei for the formation of equiaxed gains [Gdu97]. 
The Columnar to Equiaxed Transition (CET) 
The change in structure in metal ingots from columnar grains to equiaxed grains is very 
important. Equiaxed grains can nucleate and grow ahead of the moving solidification interface 
when there is a region of undercooled liquid. This can eventually result in the transition from 
a columnar dendritic morphology to equiaxed growth, referred to as the CET (Columnar- 
Equiaxed Transition). In alloys, due to the presence of alloying additions constitutional 
supercooling takes place which favours the development of the central equiaxed zone and 
leads to the nucleation and growth of the equiaxed grains. The macrostructure of solid 
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solution alloy castings differs from those of casting in pure metals. This is because the 
thermal supercooling leads to the dendritic growth of pure metals and therefore almost pure 
materials freeze with a columnar structure. 
Figure 2.13 shows the development of the constitutionally supercoooled region at the centre 
of an alloy ingot and indicates both an early stage in the freezing process and a later stage 
where the zones have come together, shown in the right-hand figure. At this point, a very 
large supercooling can occur in the liquid near the center of the ingot. There are two basic 
causes for this. First, the concentration of solute in the liquid just ahead of the interface tends 
to increase with increasing growth of the columnar. zone, thus requiring lower and lower 
temperatures at the interface for continued solidification. Second, the temperature at the 
center of the ingot tends to approach that of the interface as the latter get closer together 
[Ree9 I ]. 
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Figure 2.13 The development of the constitutional supercoooled region at the centre of 
an alloy ingot that produces the central equiaxed zone of the ingot, after Reed [Ree9 I] 
It is important to consider the influences on the CET such as growth velocity, temperature 
gradient, alloy composition, and type of grain-refining additions. The first two parameters 
vary with time and position during solidification. In the previous work by Hunt [Hun84], he 
predicted the results of different solidification regions for Al-3wt%Cu. Figure 2.14 explains 
that the equiaxed growth occurs at high growth velocities and low temperature gradients. 
Hunt also reported that full equiaxed growth is considered to occur if the volume fraction is 
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greater than 0.49 [Hun84]. The critical gradient condition for fully equiaxed growth is given 
approximately by 
G<0.617 . N, 3113 
(AT, )3 
AT, 
")3 TA, -T 
(2.24) 
where G is the temperature gradient, No the total number of heterogeneous substrate particles 
originally available per unit volume, ATN is the supercooling at the heterogeneous nucleation 
temperature, and AT, is a supercooling equal to that of the columnar growth front temperature 
[Bur74]. However, low growth velocities and high temperature gradients provide the 
columnar growth. Similarly assuming that a fully columnar structure results when the volume 
fraction is less 1% of the value required for a fully equiaxed one, leads to the condition for 
fully columnar growth being derived as [Bur74]. 
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Figure 2.14 Plot of growth velocity V (cm s-1) against temperature gradient G 
(K cff 1) for AI-3 wt. %Cu, N=1 00OCrrf3 and ATN =0.75K, after Hunt [hun84] 
Figure 2.15 displays the effect of varying nucleation undercoolings. At low velocity, the 
dendrite tip undercooling is weak, thus, the nucleation undercooling plays a selective role and 
the lower the nucleation undercooling the easier it is to form equiaxed grains [Gdu97]. 
Additionally, for more efficient grain refiners (the lower the nucleation undercooling) the 
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critical velocity is decreased. In the other words, at low growth velocities, equiaxed growth 
depends on the efficiency of the gain refiner [Hun84]. 
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Figure 2.15 Plot of growth velocity V (cm s") against 
temperature gradient G (K cm7l) for AI-3 wt. %Cu, and 
N=I 00OCrrf3 for four different ATN, after Hunt [Hun84] 
On the other hand, the composition is a crucial factor in influencing the solidification zones 
and undercooled region of castings. Figure 2.16 shows the effect of varying alloy composition 
and illustrates that increasing the composition leads to an increased tendency to form 
equiaxed grains. In other words, for pure materials, the columnar growth occurs at a higher 
velocity. 
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Figure 2.16 Plot of growth velocity V (cm s-) against temperature 
gradient G (K crrf 1) for four different compositions C (wt. % Cu) 
N=I 00OCnf3 and ATN =0.75K, after Hunt [Hun84] 
The influence of the number of nucleation sites on the CET is shown in Figure 2.17. Clearly, 
in higher velocity region, the number of sites determines the extent of the equiaxed region. 
Indeed, once nucleation occurs, the volume fraction of equiaxed grains is mainly linked to the 
31 
Chapter 2 Literature Survey 
number of nucleation sites; therefore, if the number of sites is reduced, then the columnar 
microstructure is stabilized [Gau97]. 
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Figure 2.17 Plot of growth velocity V (cm s-) against temperature gradient 
G (K cnf 1) for Al-3wt. %Cu and ATN =0.75Y, showing the effect of 
varying the number N (CrIf3) of nucleation sites, after Hunt [Hun84] 
2.3.5 Solidification of Al-Si Alloys 
Eutectic Solidification 
The binary Al-Si system is a simple system, as shown in the phase diagram presented in 
Figure 2.18. If the alloy is hypoeutectic (less than 12 wt. % Si) then primary aluminium 
dendrites would be expected to form, and for hypereutectic (greater than 12 wt. % Si) primary 
silicon cuboids are anticipated, each being the primary phases at the relevant compositions. 
The eutectic is formed between an aluminium solid solution containing just over 1.5 wt. % 
silicon and virtually pure silicon as the second phase. The eutectic composition is 11.7 wt. % 
at the eutectic temperature, 577 IV. The final structure of a near eutectic Al-Si alloy usually 
consists of alurninium matrix with both primary (cuboidal) and secondary (eutectic) silicon 
particles within it depending on the composition and casting conditions. In practice, however, 
high cooling rates produce growth far from the equilibrium and microstructures which do not 
reflect the characteristics- of the phase diagram. In a simple Al-Si binary alloy, when the 
eutectic point is reached there must be simultaneous solidification of the aluminiurn and 
silicon solid phases. In its simplest form this leads to a eutectic (lamellar) structure consisting 
of plates of silicon in an aluminium matrix. 
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Figure 2.18 Aluminium-Silicon binary phase diagram 
Eutectic or near-eutectic alloys are extremely important in the casting industry owing to their 
low melting points compared to those of the pure components, their excellent flow properties, 
and the composite properties gained from the two phases. In the solidification of a binary 
eutectic alloy, two solid phases form co-operatively from the liquid, i. e. L -> cc + P. Two 
main types of eutectic growth are possible and these are usually classified as 'normal' and 
4anomalous', as illustrated in the phase diagrams shown in Figure 2.19. In normal systems, 
nucleation moves from the liquid composition into the coupled a+P zone and the two phases 
appear either as alternate lamellae or as rods of the minor phase embedded in the other phase. 
Both phases grow together simultaneously behind an essentially planar solid-liquid interface: 
examples are Pb-Sn, Pb-Cd, and Al-Zn. Anomalous structures, on the other hand, occur in 
systems where one of the solid phases is capable of faceting, i. e. has a high entropy of melting. 
A low entropy phase will usually grow at a higher velocity than a high entropy phase at the 
same supercooling. Thus, in an anomalous system the nucleation moves from the liquid 
composition into the a+P region outside the coupled zone, see in Figure 2.19 b), and exhibits 
a wide range of microstructures where one phase may grow as a faceted crystal while the 
other grows dendritically. Many casting alloys, including the Al-Si system, display anomalous 
eutectic structures. 
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Figure 2.19 Phase diagrams typical of systems showing [Edw02] 
a) a normal eutectic structure and b) an anomalous eutectic structure 
Grain Refinement 
A fine and uniform grain size is often desired in order to obtain optimum properties in the cast 
product. Three main methods are used to achieve grain refinement including rapid cooling, 
growth hindering, and addition of nucleating agents. Rapid cooling produces fine grain sizes 
by reducing nuclei sizes and hence increasing the number of nucleation sites, thereby 
restricting gain growth and homogeneous nucleation. However, refinement by rapid cooling 
is generally not as effective as that attained by deliberate grain refiner additions. Growth- 
hindering additions are usually alloying elements added to an alloy system to enable 
supercooling to take place during solidification. It is in the supercooled zone that solute 
enrichment facilitates nucleation and therefore a greater number of smaller gains. The third 
of these is addition of nucleating agents (inoculation). This is the most common and useful 
method to achieve finer grains in aluminium alloys. In general, a combination of titanium and 
boron is added to many liquid aluminium alloys. Tiny particles of A13Ti or TiB2 form and 
serve as sites for heterogeneous nucleation. 
41 Grain Refinement by Inoculation 
Two theories have been keenly debated for many years. One is based on the heterogeneous 
nucleation of aluminium alloy grains at insoluble particles of TiC in the melt since this 
compound has a crystal structure similar to aluminium. The second theory attributes grain 
refinement to the following peritectic reaction involving particles of the compound AbTi 
[Pol95]: 
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Liquid + AbTi -> oc-aluminium alloy solid solution (Figure 2.20) 
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Figure 2.20 Section of Al-Ti peritectic phase diagram, after Polmear [Po195] 
The particles of AbTi act as nuclei to encourage the nucleation of single oc-aluminium grains. 
Under certain conditions, these particles adopt a petal-like forin (Figure 2.2 1). 
Figure 2.21 Petal-like form of TiA13 particles in a 
matrix of cc-aluminium, after Polmear [Po195] 
Boron enhances the grain refining ability of titanium providing there is an excess of titanium 
above that needed to forin the compound TiB2 [Po195]. According to Polmear [Po195], several 
explanations have been proposed to account for this behaviour: 
Boron may reduce the titanium content required for the peritectic reaction by moving the 
liquidus line to lower titanium concentrations (see Figure 2.20). 
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TiB2 particles may forin in the melt and provide sites for the heterogeneous nucleation of 
a-aluminium gains during solidification. 
TiB2 particles may form a thin shell around A13Ti particles in the melt which prevents 
them from dissolving while the temperature falls to a level at which the pentectic 
reaction can commence. 
Titanium segregation to TiB2 particles in the melt such that they become coated with 
TiA13, which is then available to undergo the peritectic reaction leading to single or 
multiple nucleation of u. -aluminium gains. 
Figure 2.22 shows AbTi segregated at the surface of large TiB2 particles, which were 
deliberately introduced into an Al-Si alloy melt containing an excess of titanium; subsequent 
growth of A13Ti needles is shown in Figure 2.22 b) [Po195]. 
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Figure 2.22 a) Segregation ofTIAl, at surface of a TiB, particle in a cast 
AI-Si alloy and b) growth of TiAl3 needle, after Polmear [Po195] 
0 Al-Ti and AI-Ti-B Master Alloys 
The grain refining inoculants commonly used in the aluminium industry are master alloys 
containing titanium or titanium plus boron. Therefore, Al-Ti or Al-Ti-B master alloys have a 
powerful nucleating effect when added to an Al melt, and are used for grain refining the 
castings of Al alloys. Additionally, an efficient heterogeneous nucleus for a-aluminium needs 
to provide a surface for growth near the liquidus temperature of the alloy. It is generally 
acknowledged that the AbTi constituent meets all the necessary criteria, with direct 
experimental evidence and thermodynamic data suggesting that AbTi is a very stable 
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compound in Al melts. The Al-Ti binary system contains AbTi, but because AbTi is so 
soluble in molten alurninium it is necessary to add titanium to levels greater than 0.15 wt. % 
in order to retain grain refining effectiveness. However, when the concentration is exceeded, 
the AbTi phase is initially formed in the alloy upon solidification. This high level of Ti can 
give rise to coarse intermetallic particles which are detrimental to mechanical properties. 
Al-Ti-B master alloys are the most widely used gain refiners, with Ti concentrations from 3 
to 10 wt. %, and B concentrations from 0.2 to 1 wt. %. The weight ratio required for TiB2 
formation is 2.2: 1, but commercial gain refiners generally have Ti levels higher than this, 
such as Al-lOTi and Al-5Ti-lB (both wt. %) [Edw02]. The structure of the grain refiner 
master alloy consists of TiB2 and A13Ti particles in an aluminium matrix containing some Ti 
in solid solution. The AbTi is expected to dissolve as long as the composition of the melt is 
below the peritectic composition for AbTi, leaving the insoluble TiB2 Particles in suspension. 
Thus, the boride particles play a dominant role in nucleation. The Ti: B ratio is an important 
factor and the optimum value of this ratio depends on the alloy being refined [Sig84]. 
Although the exact mechanism by which this occurs is not well understood, Sigworth and 
Guzowski [Sig84] believe that the Si interferes with the Ti and B leading to different optimum 
ratios of these two elements in the grain refiner. 
0 Effect of A Zr and VAdditions 
The effect of Ti, Zr and V additions on the solidification process is to provide nucleation sites 
for aluminium. to nucleate on at a reduced supercooling. Thus, if sufficient nucleants are 
present in the melt, there will be spontaneous nucleation of the aluminium on pouring, as the 
temperature of the melt reaches the new solidification temperature more rapidly. Once the 
particles have nucleated, the size of the resultant grains is dependant on the rate of growth, 
which in turn hinges on the speed at which the heat is dissipated [Edw02]. Consequently, with 
Ti, Zr and V additions, there is a dramatic reduction in grain size and improvement in 
structure uniformity with the grains appearing more equiaxed as a result. Thus, the effect of 
grain refiners is to promote a columnar to equiaxed transition. Additionally, Ti, Zr and V are 
often added, both individually and in combination, as grain refiners. It has been reported that 
additions of V and Zr were both predicted and observed to stabilise the A13Ti phase in which 
these elements are predominantly soluble. Additions of V below the AIN peritectic (0.1 wt. % 
V) are known to have little or no enhancement [Edw02]. Zr has also been proved to be an 
efficient gain refiner by formation of A13Zr when no Ti is present. However, when large 
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amounts of Zr are added to a Ti-containing alloy, the Zr acts to change the lattice parameters 
of AbTi in the basal plane, making the phase less effective and poisoning of the grain refiner 
results [Edw02]. 
Modification 
In the Al-Si eutectic alloys, the silicon portion of eutectic grows as thin, flat plates that appear 
needle-like in a microstructure. These angular morphologies are believed to be detrimental to 
the structural integrity of most aluminium-silicon alloys, leading to a reduction in the 
mechanical properties. However, the eutectic microstructure in aluminium-silicon alloys can 
be altered by modification. Modifiers are a group of elements that are deliberately added to 
aluminium- silicon alloy melts before casting, thereby inhibiting the silicon nucleation and 
growth. Thus, the morphological change of silicon phase is from a coarse acicular to one 
which is finer and more fibrous, as can be seen in Figures 2.23 a) and b) respectively. This is 
called the flake-fibre transition and is often referred to as the result of a shift from a faceted to 
a more isotropic growth morphology. 
a) b) 
Figure 2.23 Structure of silicon in a) an unmodified alloy, and b) in a 
sodium modified alloy (x 400), after Polmear [Po195] 
Consequently, mechanical properties may be substantially improved, such as tensile strength, 
ductility, and hardness, as given in Table 2.1. Fracture toughness is also significantly raised, 
as shown in Figure 2.24. 
Table 2.1 Mechanical properties of an unmodified and modified AI-Si alloy, after Polmear[Po195] 
Condition Tensile strength (MPa) Elongation (%) Hardness (Rockwell B) 
Normal sand cast 125 2 50 
Modified sand cast 195 13 58 
Normal chill cast 195 3.5 63 
Modified chill cast 220 8 72 
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Figure 2.24 Fracture toughness of an unmodified and modified Al-Si alloy, after Polmear [Po195] 
Modifiers are used because they greatly reduce the size of eutectic silicon and improve the 
properties of cast Al-Si alloys. Modification of AI-Si alloys is commonly achieved by the 
addition of sodium salts or small quantities (0.005-0.015%) of metallic sodium to the melt 
although the actual amount of sodium needed may be as little as 0.00 1% [Po195]. Sodium has 
a significant effect on the nucleation and growth of eutectic silicon during solidification. 
Sodium may depress the eutectic temperature by as much as 12'C and a finer microstructure 
is therefore to be expected because the rate of nucleation will be greater in the under-cooled 
condition [Pol95]. Depression of the eutectic temperature implies that sodium reduces the 
potency of nucleating sites for the eutectic phases. It is known that silicon itself is readily 
nucleated at the surface of particles of the compound AIP, which is formed by reaction of 
aluminium with impurity amounts of phosphorous. In fact, an excessive level of phosphorus 
can lead to the formation of a third, granular type of microstructure containing large particles 
of silicon which results in poor mechanical properties [Po195], as shown in Figure 2.25. 
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Figure 2.25 Al- 12% Si alloy with excess phosphorus (x 600), after Polmear [Po195] 
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Many researchers have considered the transition of the morphology of eutectic Si from plate- 
like to fibrous. This may result from the alteration of the conditions for nucleation and/or 
growth. Thus, many theories can be generally grouped under either nucleation or growth of 
the silicon phase. There are two main theories behind the nucleation mechanism and its effect 
on eutectic modification. The first theory considers the effect of modification on the stability 
of silicon nuclei, normally AIP. A theory was proposed by Edwards and Archer in 1924 
[Edw24] where sodium was believed to retard the nucleation of silicon crystals during eutectic 
solidification by preventing the formation of stable nuclei at the normal eutectic temperature. 
Solidification would occur at a steady-state temperature considerably below the freezing 
point, where slower diffusion inhibits the individual silicon crystals from attaining such a 
large size. Plumb and Lewis's study [Plu57] explained this retardation of nucleation to be a 
result of a) adsorption on the nuclei making it difficult for them to grow to a stable size or b) 
adsorption on the solid surfaces where the silicon crystals form. 
A second theory has been reported in several papers [Cro66, Ho95] where it is believed that 
that the addition of sodium neutralises phosphorus thus eliminating nucleation by AIP and 
forming Na3P in preference. In the absence of AIP the surrounding aluminium matrix 
nucleates silicon inefficiently at relatively high undercooling to give the modified structure 
[Edw02]. However, when an excess of sodium is present coarse silicon particles may 
reappear, as known over-modification. This phenomenon can be attributed to formation of 
another compound, AINaSi, which once again provides sites for the easy nucleation of silicon. 
Crosley (Cro66] proposed that the change of lead phase in eutectic crystallisation changes the 
structure of the eutectic. In non-modified alloys the eutectic grows with the silicon leading the 
crystallisation, forming continuous skeletons, as seen in Figure 2.26 a). In modified alloys 
aluminium precedes the silicon and tends to envelop it. This enveloping action breaks up the 
silicon in to many small crystals imbedded in the aluminium, matrix (Figure 2.26 b). This 
change of structure produces the improvement of mechanical properties. The change of lead is 
believed to be due to either to a change of relative interfacial energies or to a decrease of 
diffusion rate of silicon in the liquid, with most probably a change in the growth mechanism 
of aluminiurn as a contributing factor. 
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Figure 2.26 Silicon growth in a) unmodified alloy, and b) a modified alloy, after Crosley [Cro66] 
The major disadvantage of sodium is the rapid loss of the element by evaporation or 
oxidation. It is therefore necessary to add an excess amount in the melt. Due to the difficulty 
in controlling the content in the melt it can lead to the under- or over-modification. However, 
the addition of strontium has been found to reduce the effect of over-modification since 
excess amounts of this element are taken into the compound SrAl3SI3 which has 
comparatively little effect on the size of the silicon particles in the eutectic. Another 
advantage of strontium additions is that they suppress formation of primary silicon in 
hypereutectic alloys which should improve their ductility and toughness [Po195]. 
'0 Effects of Modification by Strontium 
Strontium is currently available in many forms, including aluminum-strontium master alloys 
ranging from approximately 10 to 90% Sr and AI-Si-Sr master alloys of varying strontium 
content. Hengcheng et al. suggested that addition of Sr in Al-Si alloys results in a 
considerable increase of the amount of a -Al and promotes the growth of columnar dendrites 
[Hen03]. Mechanical properties of the fully modified alloy are linearly related to the volume 
fraction of dendrictic a -Al, which plays a key role in improving the mechanical properties of 
near-eutectic AI-Si alloys [Hen03]. This has been attributed to the variations of the 
morphology and size of the eutectic silicon phase; however, it is worth noting that when 
eutectic silicon particles change from acicular to fiber, the amount, morphology and size of 
dendritic a -Al phase are varying too [Hen03]. 
It is important to consider the combined effect of gain refinement and modification on 
structure and properties. Therefore, Li et al. proposed that when Al-IOwt. % Sr was added into 
Al-Si-Cu melt together with Al-3wt. %Ti-4wt. %B, the duration of effective and full 
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modification performance of Al-Sr on eutectic Si shortened significantly and the grains 
became slightly coarser, which can be mainly explained by formation of SrB6 through 
reaction between Al- I Owt. %Sr and Al-3w, t%Ti-4w. t%B [Li02]. 
However, Garcia et al. also indicated that when Sr addition is made to both alloys Al-7Si-Cu 
and Al-M-Ni, the observed improvement to the mechanical properties was associated with 
the change of Si eutcctic morphology, from acicular to fibrous-globular [Gar03]. Apart from 
the Si eutectic, CuA12 microconstituents are changed in Al-M-Cu alloys, which also 
impacted the mechanical properties. However, the NiA13 morphology of the Al-Si-Ni alloys 
was not affected by the presence of Sr, and a slight increase in tensile properties was observed 
as a result of the Si eutectic modification [Gar03]. 
0 Effect of Modification on Mechanical Properties 
Modification enables the acicular silicon morphology to be transformed to a fibrous shape or 
a larnellar structure, resulting in a noticeable improvement in the strength and the ductility. 
The coarse silicon plates of the unmodified acicular silicon structure act as internal stress 
risers in the microstructure and provide easy paths for fracture [Gru90]. Table 2.2 shows the 
tensile and elongation properties of an A356 alloy modified in different ways. Modified 
silicon exhibits a significant improvement in the properties compared with the unmodified 
alloy, however, there is not a significant difference between the different modifiers. 
Additionally, modified AI-Si alloys can have a much greater impact strength, although the 
impact properties are much more sensitive to modification than tensile properties. The effect 
of modification on fatigue strength is less clear. In general, fatigue strength reduces with 
increasing amounts of silicon, and has been reported in some alloys as being unaffected by 
antimony treatment or even by strontium modification (Gru90]. 
Table 2.2 Mechanical properties of A356 alloy treated with different modifiers [Gru90] 
Modifier Structure As-Cast Heat Treated 
UTS E UTS E Q 
(MPa) (%) (MPa) (%) (MPa) 
None acicular 180 6.8 304 11.8 465 
Sodium fibrous 195 16.4 292 15.1 469 
Strontium fibrous 196 15.9 301 14.4 475 
Antimony lamellar 201 11.9 293 16.5 475 
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Morphology ofPrimary Si and Intermetallics 
The morphology of the silicon and intermetallic phases is very important, because it may 
dominate the mechanical properties of alloys. Morphology can be strongly influenced by 
chemical composition and heat treatment. Different growth mechanisms are also linked to the 
formation of specific shapes. In Al-Si alloy systems, the first phase to be formed during 
solidification of these alloys is silicon, which is often referred to as primary silicon. The 
morphology of primary silicon is complex, linked to the fact that it grows from the liquid of 
hypereutectic AI-Si alloys in a facetted manner. A range of different morphologies of primary 
silicon has been observed in hypereutectic AI-Si alloys: plate-shaped crystals of hexagonal 
form, octahedral equi-axed crystals, star-like crystals containing two to five radiating twin 
planes, and approximately spherical shapes [See for example: Yi03, Liu04, Day68, Ge04, 
Pei0l, Lia95]. The primary silicon particles can nucleate and grow with very little 
supercooling below the silicon liquidus temperature and over a wide range of growth 
velocities, often nucleating heterogeneously on inclusions such as AIP. 
Iron is a common impurity element in aluminium alloys. In AI-Si foundry alloys, iron forms 
intermetallic compounds that have been considered as detrimental to mechanical properties 
[Sha04, Bon43, Cou8l, Cre95-1]. For example, P-AlFeSi platelets have long been thought to 
be brittle, and responsible for the inferior mechanical properties of Al-Si cast alloys 
containing high quantities of iron in particular. The formation of the P-AlFeSi phase can be 
suppressed in two ways: addition of sufficient manganese, and low cooling rates. This leads to 
the formation of the cubic a-AlFeMnSi phase in place of the P-AlFeSi phase. In previous 
work [Sha94], it was found that the addition of Mn can also modify the platelet morphology 
of the P-AlFeSi phase to a more globular shape. However, the a-AlFeMnSi phase, which is 
rich in manganese and iron, may cause gravity segregation in the melt since it's density is 
higher than that of liquid aluminum [Sha95]. Other studies have been carried out on different 
intermetallic particles in respect of their formation temperature and morphology, however, 
this work represents a very systematic and comprehensive study of the mechanical and 
physical properties of intermetallics with various compositions appropriate for 
multicomponent Al-Si piston alloys. 
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2.4 Phase Analysis of Aluminium-Silicon Alloys 
The properties of cast Al-Si alloys are strongly influenced by the microstructure, i. e. the 
primary aluminium, and the interdendritic microconstituents such as secondary phases and 
intennetallic compounds. This section reviews multicomponent Al-Si alloys with the 
particular aim of providing an understanding of the morphology, appearance, composition and 
crystal structure of the intermetallic phases. Reference is made in the following sections to 
previous work carried out by Edwards [Edw02] and Daykin [Day98] in which a range of 
multicomponent Al-Si alloys were studied. Typically the alloys investigated by Edwards were 
of the following composition: 12-14 wt. % Si, 3.5-5.0 wt. % Cu, 2.5-3.0 wt. % Ni, -0.7 wt. % 
Mg, and the alloys investigated by Daykin were of the following composition: -12 wt. % Si, 
-1.2 wt. % Cu, -1.0 wt. % Ni, -1.1 wt. % Mg. In both cases, a range of cooling rates and 
different gain refiners were used, however, the mean compositions of the various phases are 
presented below for comparison purposes with later experimental work in Chapter 5. 
Additional crystal structure information is provided in the related sections of Chapters 5 and 8. 
Z4.1 Elemental Phases 
Aluminium 
In AI-Si casting alloys, aluminium is the main constituent, with small concentrations of 
impurities present in solid solution. The aluminium matrix is known to grow with a well- 
defined dendritic structure forming both columnar and equiaxed grains. The aluminium phase 
appears a pale yellow colour after etching with 0.5 % HF in water. In a range of as-cast AI-Si 
alloys close to the eutectoid composition, the measured compositions in the previous work by 
Edwards suggested that the composition of the FCC-Al solid solution phase from model 
alloys is predominantly aluminium. with very small amounts (less than 1 wt. % in most cases) 
of other elements, as given in Table 2.3 [Edw02, Day98]. Additionally, due to the higher 
solubility of Cu in aluminium. at higher temperatures, precipitates such as 0 (A12CU) often 
form in the matrix. TEM observations by Daykin [Day98] give the matrix material a cubic F 
structure with a lattice parameter of 4.0495±0.0005 A, as given in Table 2.4. 
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Table 2.3 Composition of the aluminium matrix [Edw02, Day98] 
Fraction of component in phase 
Al Cu Fe Mg Mn Ni Si Ti v Zr 
Edwards 
(At. %) 99.0 0.4 - - 0.2 0.2 - 0.4 
(Wt. %) 97.4 1.0 - - - 0.1 - 0.3 0.1 1.2 
Daykin 
(At. %) 98.0 0.5 - 0.5 - - 0.1 - - - 
(Wt. %) 97.2 1.2 - 0.5 - 1.0 
Table 2.4 Crystallographic data for the aluminium matrix [Edw02, Day98] 
Edwards Daykin 
Crystal System Cubic F Cubic F 
Lattice Parameter (A) a=: 4.0494 a =4.0495±0.0005 
Silicon 
Silicon is present throughout all regions of all samples, and its distribution and morphology 
depend on cooling rate, inoculation and Si content. There are two main silicon morphologies: 
cuboids, often referred to as 'primary' silicon; and flakes or plates, termed 'secondary silicon. 
The primary silicon is often seen surrounded by secondary flakes in a radial formation. The 
silicon has a slate-grey colouring, both before and after etching in 0.5% HF. The Si 
composition with low Al (> 95 wt. % Si) and insignificant amounts of Al, Cu and Ni, is in 
close agreement with the previous work by Daykin, as given in Table 2.5. TEM 
measurements [Day98] give the silicon particles a cubic F structure and the calculated lattice 
parameter is given in Table 2.6. [Day98, Edw02]. 
Table 2.5 Composition of the silicon phase [Edw02, Day98] 
Fraction of component in phase 
Al Cu Fe Mg Mn Ni Si Ti v Zr 
Edwards 
(At. %) 4.0 0.2 - 0.4 95.7 - 
(Wt. %) 3.9 0.3 - 0.1 95.6 - 
Da kin 
(At. %) 1.3 0.15 - 0.3 98.2 - 
y 
(Wt. %) 1.3 0.3 - 0.5 97.8- ---: --T 
Table 2.6 Crystallographic data for the silicon phase [Edw02, Day98] 
Edwards Daykin 
Crystal System Cubic F Cubic F 
Lattice Parameter a--5-43088 a--5.4309±0.0004 
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24.2 Binary Phases 
A13Ti 
When titanium is present in molten aluminiurn in concentrations of above 0.15 wt. %, 
observation of the binary phase diagram suggests A13Ti would precipitate via a peritectic 
reaction on cooling. AbTi is an active nucleus for nucleation and grain refining of aluminium, 
which starts at much lower concentrations of titanium, below 0.01 wt. %. AbTi takes on a pale 
yellow-grey colour with a clear dark outline after etching (0.5% HF in water). The 
morphology is of particular interest due to its very long, plate-like shape. This geometric 
morphology and large size of these particles is thought to be undesirable from a mechanical 
properties perspective, potentially providing an easy path for crack propagation [Joy02]. The 
composition of the AbTi phase is distinct from other phases since it contains large amounts of 
Ti, Zr, and V as shown in Table 2.7. The AbTi particles possess a tetragonal structure, with 
unit cell dimensions of 3.84 A and 33.46 A for the a- and c- axes respectively [Edw02], as 
given in Table 2.8. 
Table 2.7 Composition of the A13Ti phase [Edw02] 
Fraction of component in phase 
Al Cu Fe Mg Mn Ni Si Ti v Zr 
(At. %) 52.7 0.2 0.1 0.2 14.8 20.5 1.9 9.7 
(Wt. %) 37.1 0.4 0.1 0.3 10.8 25.6 2.5 23.1 
Table 2.8 Crystallographic data for the A13Ti phase [Edw02] 
Crystal System Tetragonal 
Lattice Parameter a--3.84, c=33.46 
AIP 
AIP can fonn through the addition of phosphorous to AI-Si alloys, either deliberately or as an 
impurity. It acts as a nucleant for primary silicon. AIP is believed to be the source of the 
cavity in the centre of most Si particles, because the particles tend to be washed or pulled out 
during specimen preparation with water, or react with air, making them very difficult to 
analyse. Additionally, P is not currently in any of the thermodynamic databases; therefore, no 
predictions were made. 
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0 (A 12CU) 
The 0 (A12CU) phase provides good strength in the commercial Al-Si alloys due to forming 
very fine matrix precipitates. However, it becomes complicated if other elements combine 
with the copper, and then ternary and quaternary phases forin in preference. 0 (A12CU) is 
reported [Edw02] to have a pale pinky-grey colour before and after etching (0.5 % HF in 
water), and to take a 'lacy' morphology that can be either fine or coarse. The Al: Cu ratio of 
A12CU is 1.8: 1 in at. %, as given in Table 2.9 [Edw02, Day98]. This confirms the phase as 0 
(A12Cu), with slight solubility for the other elements, in particular Ni. The measured crystal 
structure for the 0 (A12CU) precipitates is tetragonal, with unit cell dimensions of 6.069 A and 
4.876 A for the a- and c- axes respectively [Day98], as given in Table 2.10. 
Table 2.9 Composition of the O(A12CU) phase [Edw02, Day98] 
Fraction of component in phase 
Al I Cu Fe Mg Mn Ni Si Ti v Zr 
Edwards 
(At. %) 60.70 34.35 0.82 - 0.11 2.87 0.69 - 0.08 0.41 
(Wt. %) 39.95 53.23 1.11 - 0.15 4.11 0.48 - 0.09 0.90 
Daykin 
(At. %) 69.29 28.90 0.80 0.98 
(Wt. %) 49.44 - T8-. 56 1.24 0.75 
Table 2.10 Crystallographic data for the 0 (Al2Cu) phase [Edw02, Day98] 
Edwards Daykin 
Crystal System Tetragonal Tetragonal 
Lattice Parameter (A) a =6.0654, c=4.8732 a=6.069, c=4.876 
M92Si 
The M92Si phase has been observed in previous work [Edw02] to adopt a dark grey colour 
that changes to a dark blue-black colour after etching (0.5% HF in water), also appearing to 
be considerablely eroded by etching process. The phase has a fine Chinese script morphology. 
The composition determined by Daykin, given in Table 2.11, can be seen to have higher Mg 
and Si contents with a limited solubility for Cu and Ni. This confirms the presence of 
magnesium and silicon in a 2: 1 ratio, as would be expected. The M92Si precipitates are 
observed experimentally to possess a cubic structure with a lattice parameter of 6.35±0.01 A, 
as shown in Table 2.12. 
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Table 2.11 Composition of the M92Si phase [Day98] 
Fraction of component in phase 
Al Cu Fe Mg Mn Ni Si Ti v Zr 
Daykin 
(At. %) - 1.45 - 56.3 - 0.38 41.7 - 
(Wt. %) - 0.59 - 63.7 - 0.17 35.4 - 
Table 2.12 Crystallographic data for the M92Si phase [Edw02, Day98] 
Edwards Daykin 
Crystal System Cubic Cubic 
Lattice Parameter a =6.391 a=6.35±0.01 
A13M 
AIN is the binary phase from the Al-Ni system and is believed to form when there is a high 
enough Ni concentration of greater than -1 wt. % [Mon76]. AIN was observed to adopt a 
light brown-grey colouring after etching (0.5% HF in water) and a coarse script like 
morphology. This phase is often confused with the AlgFeNi phase, which is formed at lower 
Ni contcnts. By calculating the stoichiomctry (ratio of at. %) of AI: Ni(+Fc) it was possiblc to 
distinguish between the two phases, AIN having a ratio of 1.8 in comparison to 4.5 for 
AlqFeNi [Edw02], as given in Table 2.13. Experimental observation from TEM work by 
Daykin shows AIN to possess an orthorhombic crystal structure, as given in Table 2.14. 
Table 2.13 Composition of the Al3Ni phase [Edw02, Day98] 
Fraction of component in phase 
Al Cu Fe Mg Mn Ni Si Ti v Zr 
Edwards 
(At. %) 64.70 5.60 4.40 1.21 18.30 5.36 0.01 0.05 0.37 
(Wt. %) 47.51 9.63 6.70 1.81 29.24 4.10 0.02 0.07 0.92 
Daykin 
(At. %) 75.38 0.78 0.46 - 22.61 0.77 - 
(Wt. %) 58.81 1.43 0.74 38.3 9 0.62 
Table 2.14 Crystallographic data for the A13Ni phase (Edw02, Day98] 
Edwards Daykin 
Crystal System Orthorhombic Orthorhombic 
Lattice Parameter a=6.598, b=7.352, c=4.802 a=6.67±0.01, b=7.63±0.01, c=5.01±0.01 
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Z4.3 Ternary Phases 
A13(CU)NV2 
The Al3Ni2 phase is also referred to as A13(CU. Ni)2 due to the large amounts of copper it can 
contain. A13(Cu, Ni)2 takes on a pale brown-grey colouring after etching (0.5% HF in water) 
and adopts a coarse script like morphology [Edw02]. These characteristics are very similar to 
the 0 (Al2CU) phase and are difficult to distinguish optically. The composition of the 
A13(Cu, Ni)2 phase is non-stoichiometric and highly temperature dependent; the nickel content 
increases and copper decreases with increasing temperature [Edw02]. Several variations in 
composition of the phase are possible depending on the Cu: Ni ratio. Therefore, three distinct 
variations of the A13(CuNi)2 composition were classified: low Cu: Ni ratio of < 1; medium 
Cu: Ni ratio of 2-3; and a high Cu: Ni ratio of > 4, as given in Table 2.15 [Edw02]. However, 
the Al: (Cu+Ni) ratios of both A13(Cu, Ni)2 are very similar at 1.5 and 1.4 respectively, making 
them very difficult to differentiate. Experimental observation from TEM work by Daykin 
shows A13(Cu, Ni)2 to possess a hexagonal crystal structure with lattice parameter of 4.14 A 
and 4.90 A for the a- and c- axes respectively, as given in Table 2.16. 
Tahle 2-15 Range of corymositions for the Ah(Cu. Ni), nhase rEdw02. Dav981 
Fraction of component in phase 
Al Cu Fe Mg Mn Ni Si Ti v Zr 
Low Cu: Ni 61.3 16.2 0.5 - - 19.7 1.6 0.1 0.1 0.6 
Med. Cu: Ni 63.3 23.5 0.5 0.3 0.1 11.9 0.3 0.1 - 0.2 
High Cu: Ni 65.5 26.0 0.3 0.4 0.2 6.5 0.8 - 0.1 0.2 
Low Cu: Ni 41.8 25.8 0.6 - 29.0 1.2 0.1 0.1 1.4 
Med. Cu: Ni 43.7 37.0 0.6 0.2 0.1 17.5 0.2 - - 0.6 
High Cu: Ni 46.1 42.1 0.4 0.2 0.3 9.6 0.7 - 0.2 0.6 
(At. %) 76.2 4.58 0.3 - - 18.4 0.5 - - - Da kin y 7-- wt. 0) 8.41 1 0.5 31.2 0.4 
Table 2.16 Crystallographic data for the A13(CuNi)2 phase [Daykin98] 
Crystal System Hexagonal 
Lattice Parameter (A) a=4.14, c=4.90 
A17CU4Ni 
This phase forms in the AlCuNi system and is also referred to as r. Al7Cu4Ni has been 
reported to have a broad composition range often incorporated as A17(CuNi)5. This phase 
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appears to form in alloys with a high copper and low nickel content and has very little 
solubility (< 1 %) of other elements. It also falls into the wide range of compositions for the 
A13(Cu, Ni)2 phase, as given in Table 2.17. The colour after etching is very similar to AIN2, 
which is pale grey-brown after etching (0.5% HF in water). This would be expected due to the 
similar compositions. A17Cu4Ni has a coarse script like morphology, which is also similar to 
that of A13Ni2. The standard database (Pearson's [Vil85] and ICDD database) suggest 
Al7Cu4Ni has a trigonal structure with lattice parameters of 4.105 A and 39.970 A for the a- 
and c- axes respectively, as given in Table 2.18. Since the atomic scattering factors of Cu and 
Ni are very similar, it is effectively impossible to distinguish between the various stacking 
sequences available to ther phase using x-ray methods alone [Day98]. 
Table 2.17 Composition of the Al7Cu4Ni phase [Edw02, Day98) 
Fraction of component in phase 
Al Cu Fe I Mg Mn Ni Si Ti v Zr 
- 
Edwards 
(At. %) 63.3 23.5 0.5 0.3 0.1 11.9 0.3 0.1 O. T 
(Wt. %) 43.7 37.0 0.6 0.2 0.1 17.5 0.2 - 0.6 
Daykin 
(At. %) 62.2 23.75 0.25 - 13.7 0.04 
(Wt. %) 41.8 37.6 0.35 - 20.1 0.03 
Table 2.18 Crystallographic data for the Al7Cu4Ni phase [Edw02, Day98] 
Edwards Daykin 
Crystal System Rhombohedral Trigonal. 
Lattice Parameter (A) a=4.105, c=39.970 a=4.105, c=39.970 
AlgFeNi 
AlqFeNi, sometimes written as Alg(Fe, Ni)2 is a non-stoichiometric phase and forms in varying 
quantities depending on the Fe content of the alloy. AlgFeNi takes on a brown colouring after 
etching (0.5% HF in water), darker than that seen previously for AIN [Edw02]. This phase 
takes a variety of morphologies ranging from thick plates to large lakes [Day98]. The 
composition of the phase contains higher aluminium and lower nickel than AIN, with some 
limited solubility of Cu and Ni, as given in Table 2.19. The AlqFeNi phase has a monoclinic 
structure of the A19CO2 type with the lattice parameters a--8.598, b=6.271, c=6.207, and 
P=94.66' [Bud92]. The AlqFeNi phase is isomorphous with A19CO2. Table 2.20 is also given 
the crystallographic information of the AlqFeNi phase from [Edw02] and [Day981. 
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Table 2.19 Composition of the AlgFeNi phase [Edw02, Day98] 
Fraction of component in phase 
Al Cu Fe Mg Mn Ni Si Ti v Zr 
Edwards 
(At. %) 79.7 1.72 2.86 0.56 0.18 14.4 0.22 0.04 0.02 0.32 
(Wt. %) 64.6 3.29 4.83 0.43 0.30 25.6 0.19 0.04 0.03 0.72 
Daykin 
(At. %) 
- 
80.6 4.2 0.4 11.5 3.0 - - - 
ýWt. %) 67.8 7.4 0.4 21.1 2.7 
Table 2.20 Crystallographic data for the AlqFeNi phase [Edw02, Day98] 
Edwards Daykin 
Crystal System Monoclinic Monoclinic 
Lattice Parameter (A) a=8.556, b=6.290, c=6.123, D=94.76 a=8.620, b=6.258, c=6.222,0=95.48 
Z4.4 Quaternary Phases 
.Z 
(AI5CU2M98S16, ) 
This is a stoichiometric phase from the AlCuMgSi system and is also referred to as X. This 
phase takes on a yellow-brown colour after etching (0.5% HF in water) and adopts a generally 
"lakey" morphology. The phase composition, as given in Table 2.21, and can be seen to 
contain large quantities of Al, Si and Mg, with a substantial amount of Cu and there is also 
some limited solubility of other elements, but at less than 0.5 %. The observed phase by 
Daykin has a crystal structure measured to be hexagonal with lattice parameters of 10.37 A 
and 4.02 A for the a- and c- axes respectively, as given Table 2.22. 
Table 2.21 Composition of the Al5CU2M98Si6 phase [Edw02, Day98] 
Fraction of component in phase 
Al I Cu Fe Mg Mn Ni Si I T v Zr 
Edwards 
(At. %) 38.0 7.61 0.05 30.2 0.02 1.23 23.5 0.02 0.02 0.06 
(Wt. %) 35.0 16.3 0.11 24.9 0.03 1.23 22.2 0.04 0.03 0.19 
Daykin 
(At. %) 22.0 8.3 - 37.2 0.4 1 32.0 - 
I- 
(Wt. %) 
. 
20.1 17.5 30.6 1 0.81 30.47 
- T- 
Table 2.22 Crystallographic data for the Al5CU2Mg8Si6 phase [Edw02, Day98] 
Edwards Daykin 
Crystal System Hexagonal Hexagonal 
Lattice Parameter a=10.36, c=4.04 a--10.373, c=4.022 
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;r (Al8FeMg3Sid 
A18FeMg3Si6 is a quatemary phase from the AlFeMgSi system and is also referred to as 7c. 
The n phase is reported [Day98] to take on a pale grey watery colouring after etching (0.5 % 
HF in water) and adopts a Chinese script like appearance. The measured composition by 
Edwards [Edw02] can be seen to contain large amounts of Al, Mg and Si as expected, 
although the Fe content is less than expected for the 7t phase, as given in Table 2.23. The 7r 
phase was measured by Daykin [Day98] to have a hexagonal crystal structure with lattice 
parameters of 6.652 A, 8.015 A for the a- and c- axes respectively, although these parameters 
can vary by up to 0.02 A depending on the exact composition of the phase, as given in Table 
2.24. 
Table 2.23 Composition of the 7E(AIgFeM93Si6) phase [Edw02, Day98] 
Fraction of component in phase 
Al I Cu Fe Mg Mn Ni Si Ti v Zr 
Edwards 
(At. %) 30.72 0.57 0.13 39.70 0.02 0.40 28.27 0.02 0.03 0.17 
(Wt. %) 30.90 1.35 0.27 36.23 0.03 0.87 29.72 0.03 0.03 0.56 
Daykin 
(At. %) 46.96 0.31 2.40 20.64 1 0.35 2.40 29.90 - - 
(Wt. %) 
1 
44.62 0.70 4.72 17.9ý- TO. 68 - 
1 
4.95 26.60 - 
Table 2.24 Crystallographic data for the 7C(Al8FeMg3Si6) phase [Edw02, Day98] 
Edwards Daykin 
Crystal System Hexagonal Hexagonal 
Lattice Parameter (A) a=6.62, c=7.92 a=6.652, c=8.015 
2.5 Summary 
This chapter has provided the basic concepts and general background of Al-Si piston alloys. 
In the first section, it is clear that both material selection and the geometrical shape of the 
piston have a considerable influence on the efficacy and performance of the internal 
combustion engine. The second section has provided an understanding of solidification of 
alloys in respect of equilibrium and non-equilibrium processes, nucleation and growth 
mechanisms, and the micro/macro structure of castings. The final section has discussed the 
phases that previous research has shown to be present in Al-Si alloys. Therefore, it is essential 
to investigate multicomponent piston alloys to assess the effects of the different elements, and 
their amounts within the microstructure in order to make improvements in the mechanical and 
physical properties. 
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CHAPTER 3 
EXPERIMENTAL METHODS 
3.1 Introduction 
This chapter introduces the various experimental and modelling techniques that have been 
used to characterise the phases contained within multicomponent AI-Si alloys. Microstructural 
characterisation was performed primarily by scanning electron microscopy (SEM), together 
with, energy dispersive X-ray (EDX) analysis, electron back scatter diffraction (EBSD) 
techniques, and 3D X-ray tomography. Mechanical and thermal properties have been 
determined using high-temperature nanoindentation and high-temperature X-ray diffraction 
(XRD), respectively. Additionally, thermodynamic modelling was used to predict both phase 
formation and phase compositions. These are very useful and complementary techniques to 
assist in experimental characterisation of phases and therefore to gain an understanding into 
the development of the microstructure in multicomponent AI-Si alloys. 
3.2 Materials and Heat Treatments 
Due to the large number of complex intermetallic phases that are present in multicomponent 
alloys, a number of simpler model alloys were used for the certain experiments (3D 
tomography and high temperature XRD). The alloys considered in this research can therefore 
be divided into two categories; as-received piston alloys and model alloys. Both of these 
categories of alloy are discussed in detail in the following section. 
3. Z I As-Received Pistons: Alloys 25 to2 7 
The as-received piston alloys 25 - 27 used for analysis in this work were provided by Federal- 
Mogul using commercial casting processes into metallic moulds. They are multicomponent 
alloys and contain decreasing amounts of Si from 12.45 wt. % to 0.67 wt. % with around 3 
wt. % additions of copper and nickel; compositions are given in Table 3.1. This range of Si 
compositions has been chosen to cover the spectrum of commercial AI-Si alloys, and in 
particular to explore the effect of large primary Si particles (alloy 25), which may be 
deleterious to both fatigue crack initiation and to subsequent crack propagation. The addition 
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of Cu and Ni are thought to improve fatigue strength and also provide a higher hardness and 
strength at elevated temperature. The sections chosen for analysis were selected from the 
middle of the piston crown, but away from the central region, as shown in Figure 3.1. 
Table 3.1 Compositions of the as-received piston alloys [wt. %], balance Al 
Alloy I si Cu Ni Mg Mn Fe Ti Zr v 
25 12.45 3.93 2.78 0.67 0.44 0.03 0.01 0.054 0.043 
26 6.90 3.89 3.0 0.62 0.22 0.03 0.01 0.05 0.042 
27 0.67 3.91 2.99 0.80 0.21 0.05 0.011 0.006 0.012 
Sectioned Area 
Figure 3.1 Cross section of piston casting showing the area sectioned, after Edwards [Edw02] 
The as-received pistons (alloys 25 to 27) were divided into six groups depending upon the 
different experimental conditions they subsequently experienced. The pistons from the first 
group are 'as received' because they had no further treatment after casting. The second group 
were used for high temperature DSC tests (heating and cooling rates of PC/min) in order to 
investigate the nucleation of phases in exothen-nic reactions. Pistons in the third and fourth 
groups were heat-treated at 230'C for 24 hours and 7 days, respectively. Groups five and six 
received the same heat treatments as groups three and four. However, they were used for 
comparing the effect of endothermic reactions between heat treated samples (230'C for 24 
hours and 7 days) and non-heat treated samples using high temperature DSC (heating and 
cooling rate at I'C/min). 
The microstructures of the first four groups were examined and the complex phases were 
identified using various techniques including optical microscopy, scanning electron 
microscopy (SEM), energy dispersive X-ray (EDX) analysis and electron backscatter 
diffraction (EBSD), as shown in the flow chart in Figure 3.2. Additionally, then-nodynamic 
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calculations were used to predict the equilibrium structure similar to the sample after DSC 
tests, and as-cast structure (Scheil calculations) such as that visible in as received pistons, in 
addition to the temperatures of phase nucleation, as shown in Figure 3.2. 
The samples of alloy 25 after DSC tests were primarily used for the phase identification and 
nanoindentation tests. This is because larger particles of complex intermetallic phases can be 
obtained after DSC tests, which used a very slow cooling rate of PC/min, providing samples 
close to equilibrium for phase identification and comparison with thermodynamic modelling. 
As receivedpistons 
(Alloy 25,26 and 27) 
Group I 
As receivedpistons 
a. Optical Microscopy 
b. SEM Examination 
c. EDX Analysis 
d. EBSD Analysis 
Group 2 
DSC Test (1) 
and Heating ratc at A', min) 
a. Optical Microscopy 
b. SEM Examination 
c. EDX Analysis 
d. EBSD Analysis 
Group 3 
Heat Treatment (1) 
(230'(', 24 hours) 
a. Optical Microscopy 
b. SEM Examination 
c. EDX Analysis 
d. EBSD Analysis 
Group 5 
DSC Test (2) after 
HT (1) (cooling anci 
I leating rate at I 'C/mm) 
Comparing the effect of 
Fndothermic Reaction 
between DSC 'rest (I 
and DSCTest (2) 
Schell 
Group 4 
Heat Treatment (2) 
(230'(', 7 davs) 
a. Optical Microscopy 
b. SEM Examination 
c. EDX Analysis 
d. EBSD Analysis 
Group 6 
DSC Test (3) after 
HT(2) (coolingan(I 
I Icating late at I (", Il)]Tl) 
Comparing the effect of 
Fndothermic Reaction 
between DSC Test (1) 
and DSCTest (3) 
Equilibrium 
Therniodynamic 
Calculations 
Figure 3.2 A flow chart surnmarising the techniques used to characterise each group of alloys. 
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3.2.2 Model Alloys 4,8 and 10 
Simpler model alloys 4,8 and 10 were mainly used for the coefficient of thermal expansion 
(CTE) experiments and 3D X-ray tomography because each was dominated by a particular 
phase of interest; the compositions of these alloys are given in Table 3.2. Model alloy 4 
contains a high concentration of Mn (2.5 wt. %) and forms mainly the a-AlFeMnSi phase, 
whereas alloy 8 contains a high concentration of Ni (4.4 wt. %) and forms mainly the Al3Ni 
and AlgFeNi phases. alloy 10 contains a high concentration of Cu (5.1 wt. %) and forms 
mainly the A12CU phase. Only the main inten-netallic phases have been considered in these 
alloys to simplify the high temperature X-ray diffraction analysis and 3D X-ray tomography 
observations. These will be discussed in Chapters 5 and 8. 
A high temperature heat treatment was carried out on these model alloys (4,8 and 10) which 
was aimed at producing a microstructure close to equilibrium. The process involved heating 
the sample to a temperature of MOT in air and holding for 1-2 hours to ensure complete 
melting, before cooling to 560'C, just below the liquidus, where it was held for 1 day and then 
furnace cooled, as shown in Figure 3.3. The aim of this was to produce large second phase 
particles for 3D morphology observations by X-ray tomography and also to release residual 
thermal stresses from the as-cast alloys before high temperature XRD. Table 3.3 surnmarises 
the alloys which were used for the different experimental investigations undertaken in this 
work. 
Table 3.2 Compositions of the model alloys [wt. %], balance Al 
Alloy si Cu Ni Mg Mn Fe Ti Zr v 
4 9.5 0.08 0.05 0.06 2.5 0.5 
8 9.6 0.08 4.4 0.07 0.07 0.5 
10 9.5 5.1 0.05 0.06 0.07 0.5 
11-1 u 
=1 
ý4- 
Z! 
rig 
Time (hour) 
Figure 3.3 The profile of high temperature heat treatment for model alloys 4,8, and 10 
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Table 3.3 Summary showing the type of experimental investigation carried out with the various alloys 
As-received piston alloys Model alloys 
Chapter Experiment 25 26 27 4 8 10 
4 Therniodynamic Modelling V, V, 
4 High-temperature DSC Y, 
5 Phase Identification V V, 
5 Fatigue Analysis by EBSD V/ V, 
5 X-ray Tomography V, 
6 Nanoindentation 
7 Hot-stage Nanoindentation 
8 High-temperature XRD V, 
9 Eshelby Modelling V, * V/ 
3.3 Thermodynamic Modelling 
The fundamental data required for thermodynamic modelling are the Gibbs free energies of a 
particular phase as a function of temperature and phase composition. When the Gibbs energy 
of the system is at a minimum, the chemical potentials of the components are equalised 
throughout the system. Equilibrium can therefore be computed by minimising the Gibbs 
energy of the system. As a result, the phases present at equilibrium can be identified. A 
commercial software package, MTDATA [Dav89, Dav90, Din88, Din95, Gis93], developed 
by the National Physical Laboratory, provides a facility for retrieving thermodynamic data 
from the database, compiling data sets for the elements of interest, and assessing these data, 
together with minimisation of the Gibbs energy to compute equilibrium [Dav89]. 
Basic thermodynamic data are stored in source files with annotation. The ACCESS module of 
MTDATA is used to retrieve data for multicomponent systems from one or more of these 
source databases. The database can be a specialist or private database or one provided with 
MTDATA. The system is chosen by a definition of its components, which may be elements or 
compounds. Finally, the retrieved data can be saved to an "mpi" file for use by 
MULTIPHASE and other MTDATA modules. The types of substance and phase/model for 
which data can be stored and retrieved include stoichiometric compounds, gases, aqueous 
species, other associates, non-ideal situations, and phases with solution on fixed or variable 
sublattices [Dav89]. The use of the ACCESS module is necessary only when a high level of 
control over the selection of data is required (Dav02]. 
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The principal calculation module of MTDATA is MULTIPHASE. This can solve equilibrium 
problems involving many phases and components. Given the composition, temperature and 
pressure of the system, MULTIPHASE will calculate the equilibrium state in terms of the 
distribution of components and species between the stable phases. Output may be tabular or 
graphical. Calculations can also be made individually or as a function of a single variable, and 
the results can be plotted in a variety of ways. The command protocol of MULTIPHASE 
allows composition, temperature, pressure or volume, partial pressures and activities to be set 
and one variable stepped. Amounts can be specified in terms of mass or moles and depending 
on the nature of the problem [Dav89]. The APPLICATION module provides access to a 
number of standard 'built-in' applications supplied with MTDATA. It allows users to write 
software of their own and make use of the existing functionality of MTDATA. Thus, the 
APPLICATION module can be used to solve both equilibrium and non-equilibrium problems. 
The database used in all of the calculations was the Al-DATA [Sau96] database which was 
deemed at the time to contain the most accurate and complete data for the aluminium alloys 
used in this work. The predicted intermetallic phases from the AI-DATA database and a 
description associated with each phase are listed in Table 3.4 [Sau96]. Equilibrium 
calculations were done using the MULTIPHASE module of MTDATA and the temperature 
range used was between 550 and 1050K with a 5K step. Scheil calculations were carried out 
through the APPLICATION module using the stepping temperature macro, 'mt-tscheil. mac'. 
MTDATA calculations were therefore used in this research to compute the equilibrium and 
non-equilibrium phase stability incorporating the prediction of the mass fraction and 
composition of phases in the multicomponent Al-Si alloys. 
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Table 3.4 Intermetallic phases incorporated into the Al-DATA database [Sau96] 
Phase Comments 
A17Cr 
This is the most Al-rich intermetallic phase from the Al-Cr system. It is sometimes also 
known as A113Cr2. In the model used, Fe and Mn can substitute for Cr. 
A12CU This is often known as 0, and the modelling includes some limited solubility for Cr, Cu, Mn, 
Ni, Si and V 
AJ3Fe 
This is also sometimes known as A113Fe4. The current model includes solubility for Cr, Cu, 
Mn, Ni, Si, and V 
A13M92 This is the most Al-rich intermetallic phases from the Al-Mg system. In the model used 
some limited solubility for Cu and Zn is included. 
AIXn 
In the model used, solubility for Cr, Cu, Fe and Mg is taken into account in A16Mn. This 
phase also corresponds to the most Al-rich ternary phase in the Al-Cu-Fe system. 
AM and These phases are the two most Al-rich intermetallics in the Al-Ni system. A13Ni2 can take up 
A13Ni2 large amounts of Cu, and comes into equilibrium with Al in the ternary system Al-Cu-Ni. 
A13Ti 
This is the most Al-rich intermetallic in the Al-Ti system, and the model used includes 
solubility of Mn, Ti, V and Zr. 
M92Si This is -the stoichiometric: M92Si phase. 
MgZn2 
The modelling of this phase is quite complex and the phase is important in the Al-Cu-Mg- 
Zn quaternary system. It also exists in the Cu-Mg binary system as Cu2Mg- 
Al7CU2Fe This is a ternary phase from the Al-Cu-Fe system, where it also known as the N phase. It is 
modelled as a stoichiometric compound. 
A12CUM9 This is a ternary phase from the Al-Cu-Mg system, where it also known as the S phase. It is 
modelled as a stoichiometric compound. 
A120CU2Mn3 This is a ternary phase from the Al-Cu-Mn system. It is modelled as a stoichiometric: 
compound. 
M7Cu4Ni This is a ternary phase from the Al-Cu-Ni system, where it also known as the T phase. It is 
modelled as a stoichiometric compound. 
AlgFeNi 
This is a ternary phase from the Al-Fe-Ni system. It is modelled as a phase containing two 
sublattices, with Al on one sublattice and Fe and Ni mixing on the other sublattice. 
This phase is a stable ternary phase in Al-Mn-Si system and has a cubic structure. Fe 
a-A]FeMnSi extensively substitutes for Mn. In addition to Fe, the elements Cr, Cu and V substitute for 
Mn in the present model. 
P-AlFeSi 
This is a ternary phase from the Al-Fe-Si system, where it also known as Al5FeSi and 
AlgFe2Si2- It is modelled as a stoichiornetric compound with the formula AlgFe2Si2- 
AlsFeM93% 
This is a quaternary phase from the Al-Fe-Mg-Si system, where it also known as 7r phase. 
It is modelled as a stoichiometric compound. 
A15CU2Mg8Si6 
This is a quaternary phase from the Al-Cu-Mg-Si system, where it also known as X phase. 
It is modelled as a stoichiometric compound. 
3.4 Microstructure Characterisation 
3.4.1 Optical Microscopy 
The main aim of using optical microscopy is to obtain clear colour micrographs for observing 
the presence of all phases, and the morphology and distribution of second phases. In order to 
view the microstructure optically the samples were etched in a 0.5% vol. HF in water for 15 
seconds and then dried by washing with alcohol. Colour micrographs were taken on a Reichart 
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MEF3 microscope, typically at magnifications between 50 and 1000 times. Pictures were 
taken on the attached camera with Fuji 35 mm colour film, 200 ASA. 
3.4.2 Scanning Electron Microscopy (SEM) 
A LEO 1530VP field emission scanning electron microscope (FEGSEM) was used in this 
research. All scanning electron microscopes normally have facilities for detecting secondary 
electrons and backscattered electrons. Of the other radiations, X-rays are used primary for 
chemical analysis rather than imaging and will be discussed in detail in the energy dispersive 
X-ray (EDX) analysis section. SEM uses irradiation with an electron beam and interaction 
between the irradiated electrons and the atoms of the specimen surface provide the various 
kinds of signals, as shown schematically in Figure 3.4. Secondary electrons, having very low 
energy and the smallest interaction volume are therefore capable of giving a better spatial 
resolution than the other signals. However, the backscattered electrons possess a much higher 
energy and their signal is strongly dependent on the atomic number of the specimen. 
Therefore, the higher the atomic number, the brighter the appearance of the respective 
particles and, the backscattered electron imaging mode allows qualitative instead yields a 
compositional observation of the surface. Thus, this mode was normally used in this research. 
Incident 
X-rays 
Cathodoluminescence 
Backscattered 
lec trolls 
condary 
lectron s 
EBIC 
Specimen 
current 
Transmitted 
electrons 
Figure 3.4 The signals emitted from a specimen which may be used in the SEM, after Goodhew [Goo88] 
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3.4.3 Energy Dispersive X-ray (EDX) Analysis 
Energy dispersive X-ray (EDX) analysis is a chemical microanalysis technique performed in 
conjunction with SEM. This has been used to investigate and identify phases by determining 
their chemical composition. The technique utilizes X-rays that are emitted from the sample 
during bombardment by the electron beam to characterize the elemental composition of the 
analyzed volume. A few limitations should be taken into account when performing EDX 
analysis, and in particular features or phases as small as -11im can be analysed [Goo88], 
hence inaccuracies in the measurements might occur due to interaction volume-related issues, 
as shown in Figure 3.5, in which there may be an additional contribution from the matrix to 
the signal. The elements which can be detected are also limited by the type of window of the 
detector used. An ultra-thin electron window, such as the one used in this study, allows for the 
detection of low atomic weight elements, such as C and 0, but not for their exact 
quantification due to uncertainties in their mass absorption coefficients. An EDAX Pegasus 
combined EDX and electron backscatter diffraction (EBSD) system was used which was 
attached to the LEO 1530VP FEGSEM. In this project, EDX analysis was principally used for 
comparing composition differences of the main phases in the model alloys and effects of 
different heat treatment conditions on phase compositions in one model alloy. Typically 
between 15 and 25 measurements were made for each phase and the error bars were estimated 
from the standard deviation. The standard deviation (STDEV) is a measure of how widely 
values are dispersed from the average value (the mean). The STDEV (for a sample) is defined 
symbolically as 
E(x-X)' SD. 
N-1 (3.1) 
where Xis the measured value, X is the sample mean AVERAGE (numberl, number2,... ) 
and N is the sample size. 
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- Incident beam 
Secondary electrons 
Backscattered electrons 
N7 
-1p X-rays 
Figure 3.5 The interaction volume and the regions from which secondary 
electrons, backscattered electron, and X-rays can be detected [Goo88] 
3.4.4 Electron Backscatter Diffraction (EBSD) 
Electron backscatter diffraction (EBSD) in the SEM is rapidly becoming a standard technique 
for the crystallographic analysis of micrometer sized regions of bulk specimens. EBSD has 
primarily been used to as date a tool for the mapping of the crystallographic orientation of 
known polycrystalline samples and for identification of unknown crystalline phases in bulk 
specimens. When the beam in an electron microscope is directed onto a material, different 
scattering events give rise to a variety of signals. One of signals is the backscattered electron, 
which can be used for imaging purposes, for chemical composition determination, and for 
crystallographic analysis of the sampled volume [SchOO], as shown in Figures, 3.4 and 3.5. In 
order to obtain sufficient intensity in the EBSD pattern, the specimen surface must make a 
small angle (-20 degrees) with the electron beam. It should be noted that the smaller the angle 
of incidence of the electron beam, the greater the proportion of electrons which are 
backscattered rather than absorbed in the specimen or emitted as other signals. Therefore, if 
the angle was greater then approximately 45', there would be insufficient numbers of 
electrons backscattered to produce a usable diffraction pattern. However, if the angle was less 
than 201, this could result in inconveniently high levels of distortion in the SEM image of the 
specimen [Ran03]. 
When the beam of an SEM strikes a crystalline material, it is diffusely and inelastically 
scattered in all directions. Wherever the Bragg condition for diffraction is satisfied by a fami y 
of atomic lattice planes in the crystal, two cones of diffracted electrons are produced, as 
shown in Figure 3.6. These cones of electrons are produced for each family of lattice planes 
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and can be detected by a phosphor screen. A pair of parallel conic sections results which 
appear as thin bands which are called "Kikuchi bands". This provides key information about 
the crystal structure for the measured phase. First, the symmetry of the crystal lattice is 
reflected in the pattern. Second, the width and intensity of the bands are directly related to the 
spacing of atoms in the crystal planes. Third, the angles between the bands are directly related 
to the angles between planes in the crystal lattice. The resolution- of EBSD - strongly depends 
on the atomic weight. For a material such as aluminum the EBSD pattern will arise mainly the 
top 20 mn of specimen [Ran03], and therefore surface preparation is extremely important. 
tilted 
sample 
incident 
electron beam 
Figure 3.6 Origin of Kikuchi lines from the EBSD, after Schwartz [Schoo] 
The chemical and crystallographic information were analysed by one of two commercial 
packages produced by EDAX (TexSEM Laboratories): Orientation Imaging Microscopy 
(OIM) and Delphi phase identification. Delphi was used originally to produce material files 
containing both the crystallographic and chemical data of each phase, which could then be 
used in OIM for mapping the orientation of selected areas of the microstructure. The EBSD 
mapping provides the following data: three Euler angles defining the orientation of the crystal 
(919 0j, (P2); (x,, y) coordinates giving the position where the data was obtained on the 
specimen; an image quality (IQ) factor defining the sharpness of the diffraction pattern; a 
confidence index (CI) indicating the degree of confidence that the indexing is correct; and an 
integer defining the phase of the material [SchOO]. 
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Sample Preparation for EBSD 
The final specimen for EBSD examination must be small enough in order to avoid hitting the 
pole piece of the SEM when tilted. The samples were mounted in conducting Bakelite and 
were approximately 2 cm in diameter x 0.5 cm high. An additional polish was required by 
using either a 0.01 ýtm colloidal silica suspension or a 0.05 ýLrn alumina suspension for a final 
polishing medium. The additional polish was carried out using a Buehler Vibromet, for 
approximately I hour with a weighted holder of 500 g. The best EBSD pattern quality was 
found to result from the colloidal silica suspension. 
For the purpose of developing appropriate sample preparation procedures for EBSD, two 
different methods of sample preparation based on either conventional chemical polishing or 
ion milling were used. The latter provides a flatter surface and thus results in good diffraction 
patterns for phase identification (This will be ffirther discussed in Section 5.4). The samples 
prepared for ion milling were machined into disks (4 mm in diameter x 0.5 mm thickness) and 
polished up to I ýLm. Ion milling was carried out with Ar" ions, using the following conditions: 
Ih at a voltage of 5 kV and gun tilt angle of 4* in a Gatan PIPS system. 
3.4.5 High Temperature Differential Scanning Calorimetry (DSQ 
Differential Scanning Calorimetry (DSC) was used to investigate phase formation 
temperatures in the alloys. The model used was a Stanton-Redcroft 1500 with Orchestrator 
software. For DSC testing, samples of each alloy were machined into disks (4 mm diameter x 
2 mm length). Measurements were carried out under dry, oxygen-free nitrogen (flow rate: 20 
ml/min) at heating and cooling rates of 1*C / min. DSC is a thermal analysis technique, which 
is used to measure the temperatures and heat flows associated with transitions in materials as a 
function of time and temperature. Such measurements provide the information about physical 
and chemical changes that involve endothennic and exothermic processes, or changes in heat 
capacity. Since this change can be measured very accurately, the formation temperature of 
intermetallic phases can be determined. 
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Gas vent 
t 
Furnace lpý Heat flux place 
Figure 3.7 Simplified DSC cell showing sample (S) and reference (R) [Ana02] 
Figure 3.7 shows a basic DSC cell where the samples are placed in alumina crucibles (S), an 
empty crucible being used as the reference (R). The temperature difference between the 
materials, S and R, are measured and are converted to differential heat flow. This provides the 
signals of phase formation. Calibration was carried out using a pure aluminium (99.999 % Al) 
sample to calculate any correction factor for melting temperature and heat flow. As a result of 
the calibration, the melting temperatures were corrected by an increase of 16'C and the 
corresponding heat flow by a factor of 1.68 times. 
3.4.6 X-ray Tomography 
X-ray tomography, which is a non-destructive technique, provides reliable 3D images of 
internal microstructure and has been applied in many fields of material science [Bos92, Buf99, 
Elm03, GonOO, Guv98, Mai0l, Sa103]. An X-ray beam is applied to the sample and produces 
2D shadow images. The sample is rotated stepwise through 180 degrees and images can be 
recorded at each rotation. 3D structure models can therefore be reconstructed from the 2D 
images by image control software. The intermetallic particles of interest can be extracted and 
observed directly from the reconstructed 3D characterisation. Three different imaging modes 
may be used to distinguish the phases: absorption, phase contrast, and holotomography 
[SchOO]. In this work, the absorption mode has been used to give good contrast between Al-Si 
and intermetallics because of the large difference in atomic number between the phases. A 
resolution of -6 ýtm was used to characterize the morphology of intermetallic phases. 
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This work was carried out in collaboration with the University of Southampton and used an X- 
Tek, Benchtop CT-160 XI system with a Molybdenum Target using 55 kV and 40-100 ILA. 
Four alloys (4,8,10 and 25) were used for the 3D X-ray tomography. Each alloy was 
dominated by a particular phase of interest. Model alloy 4 contains a high concentration of Mn 
(2.5 wt. %) and forms mainly the a-AlFeMnSi phase, whereas model alloy 10 contains a high 
concentration of Cu (5.1 wt. %) and forms mainly the A12CU phase. Model alloy 8 contains a 
high concentration of Ni (4.4 wt. %) and forms mainly the AIN and AlqFeNi phases. Model 
alloy 25 contains a high concentration of Cu and Ni (about 3.0 wt. %) and forms mainly the 
Al3Ni2 and Al7Cu4Ni phases. The morphologies of the main intermetallic phases have been 
observed in these alloys by 3D X-ray tomography. The investigated samples were machined 
into cylindrical samples (3 mm diameter x 10 mm length) with no polishing of the surface. 
Longer annealing times and higher annealing temperatures, as shown in Figure 3.3, were 
required in order to observe the morphology of the larger intermetallic phases. 
3.5 Mechanical and Thermal Properties 
3.5.1 Nanoindentation 
The nanoindentation test involves indenting a specimen with a very low load using a high 
precision instrument, which records the load and displacement continuously, as shown in 
Figure 3.8 a). The mechanical properties can therefore be derived from the measured load- 
displacement curves under loading/unloading through appropriate data analyses. In this study, 
the instrument used for the nanoindentation experiments was a Nano Test system 
manufactured by Micro Materials Ltd, UK. The material used in this study was alloy 25 (after 
DSC tests), which contained large particles of complex intermetallic phases and therefore 
allows accurate nanoindentation tests. In order to minimise the indentation size effect (the 
details will be discussed in Chapter 6) sample preparation for nanoindentation involved 
polishing to 0.01 gm using a colloidal silica suspension, which is similar to that used for 
EBSD sample preparation (this process results in very smooth surface with a roughness 
between 0.05 jim and 0.025 gm). 
Nanoindentation tests were carried out on individually selected particles of the different 
phases (with typically about 1- 6 indentations in one particle depending on the size) at three 
different temperatures (room temperature, 2001C and 350'Q. A Berkovich diamond indenter 
(three-sided pyramid) was used for indentations. A maximum load of 20 mN was applied in 
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order to achieve a high spatial resolution while still obtaining reliable indentation data. The 
parameters of indentation procedures for the soft and hard phases at different temperatures are 
summarized in Table 3.5. Due to the very different mechanical properties of the phases 
included in the multicomponent Al-Si alloy, the loading rate was lower for aluminium in 
comparison to that of the intermetallic phases. A longer dwell time at maximum load was used 
on the aluminium matrix in order to reduce the effect of continuing plastic deformation during 
unloading on the shape of the unloading curve. This procedure leads to more accurate 
modulus values [Bea02]. 
For the high-temperature nanoindentation test, an aluminium shield was used to prevent any 
thermal interference with the ambient electronics and depth sensing equipment. The heating 
procedures for the hot stage allowed approximately 2 hours to reach 120T, and then it was 
held for 12 hours to allow the mounting cement to dry out (note that bubbles may form inside 
the cement during drying out, leading to the sample slanting). Afterwards, the temperature 
was increased by VC/min until it reached the desired temperature (200*C or 350'C). Such 
heating procedures prevent expansion damage to the stage insulation and reduce interfacial 
cracking with the sample bonding cement. indentation measurements at elevated temperatures 
have to be prepared with a sample holder appropriate for measurements at a temperature of 
350'C. Bakelite has limitations at those temperatures therefore mounting in an aluminium 
holder was used (the aluminium has a higher melting temperature - 660*C and similar 
coefficients of thermal expansion to the nanoindentation samples). A hole (4.2 mm. diameter 
and 3 mm. depth) was drilled in an aluminum holder (13 mrn diameter and 4 mm. height) 
which allowed insertion of the sample with a reasonably close fit. The sample was 
subsequently ground and polished in situ in the holder. 
Table 3.5 The parameters of indentation procedures for the soft and hard phases at different temperatures 
Parameter 2511C 200*C 3500C 
Initial load (ffiN) 0.04 0.06 0.05 
Soft phase Loading rate 
(mN/s) 0.5 0.5 0.4 
(Aluminium) Dwell time (s) 30 30 30 
Interspacing ([tm) 15 15 15 
Initial load (m. N) 0.04 0.06 0.07 
Hard phase Loading rate (mN/s) 1 1 1 
(Si and 
Intermetallics) Dwell time (s) 10 10 10 
Interspacing (gm) 10 10 10 
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The maximum indentation depth is denoted by h.,. and includes elastic and plastic 
deformation. The depth at which the applied loads become zero on unloading is the final 
indentation depth hf and represents the plastic deformation, as shown in Figure 3.8 b). The 
depth h, is the contact depth at which the cross section area A, is taken to calculate hardness 
and indentation modulus. The contact depth h,, the hardness and the indentation modulus are 
calculated by a standard procedure according to the method of Oliver and Pharr [OH92]. The 
hardness H is determined from peak load P,,,,, and projected area Ac of contact as 
P" 
AC (3.2) 
The reduced modulus E,. of the material is then derived from the contact stifffiess: 
f; -r s 
(3.3) 
where S is the contact stiffness derived from fitting a power law function to the first 60% of 
the unloading of the load-displacement curve. S= dpldh is the slope of the tangent of the 
load/indentation curve during the unloading cycle. If the elastic recovery during the 
indentation procedure is very small, meaning that the slope of the tangent is close to 900, the 
uncertainty in determining the indentation modulus E,. is very high and the procedure can no 
longer be applied. This does not matter for the evaluation of the hardness, since it is not the 
slope but the contact depth that enters into Equation 3.2. Note that if a short dwell time is 
applied for phases which can exhibit high creep rates at the elevated temperatures, the slope of 
the tangent will be close to 90' in the unloading curve; therefore, the fitting range should be 
changed manually to diminish the i' naccuracy of the evaluation procedure and more realistic 
values of the reduced modulus are obtained. 
The reduced modulus is a combination of effective contact between an indenter and a test 
material. The elastic modulus of the tested material can be calculated from the following 
equation: 
i-vi i-v, +ýwi 
Ei E, 
(3.4) 
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where E, and v, are Young's elastic modulus and Poisson's ratio of the test material; and Ej 
and vi are Young's elastic modulus and Poisson's ratio of the indenter, respectively. In this 
study, Ei was taken as 1141 GPa and vi as 0.07 [ Sim7l ]. 
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Figure 3.8 a) A typical load-displacement curve and b) the deformation pattern of an elastic-plastic sample 
after indentation [Oli92] 
3.5.2 Fatigue Tests 
Fatigue tests were conducted at Southampton University in a parallel research programme on 
alloys 25-27 (compositions are given in Table 3.1). The details of these tests are provided here 
for completeness because some of the fatigue tested samples were examined at Loughborough 
University using EBSD as part of this research programme. All samples were initially aged at 
230'C for 8 hours and then further aged at 260'C for one hundred hours to simulate the in- 
service condition of the alloys. Short crack fatigue tests were performed on bend bar 
specimens of size 12x I 2x9O mm; the top surface was polished to aI gm finish and the edges 
rounded to inhibit the formation of edge cracks. The tests were performed in four point bend 
on a servo-hydraulic Instron 8501 using a span of 20mm, an R-ratio of 0.1 and a frequency of 
20FIz (which simulates mid-low engine revolutions). The tests were carried out at room 
temperature in laboratory air and each alloy was tested at differing applied stress levels to 
produce approximately similar lifetimes (-100,000 cycles). The top surface stresses were 
calculated by measuring the strain on the top surface of the sample and the corresponding 
stress calculated from the tensile stress-strain curves, these data are summarised in Table 3.6. 
An interrupted test method with acetate replication was employed to monitor crack initiation 
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and growth. An Olympus optical microscope was used for post failure analysis and to view 
the acetate replicas. 
Table 3.6 Tensile test and short crack fatigue results (Mof06] 
Alloy Vol. Max Max Nj-Nf Cycles to Approx size of 1"' 0.2% Fraction Strain Stress 1%] failure crack detected at proof TS % el (%) IMPal Ný-Nf [pm] 
stress 
25 108.5 186.4 0.94 25.2 ± 1.3 0.76 172 17 166900 15 
26 107.0 185.6 1.49 19.7 ± 0.8 0.91-j 161 <11 45252 30 
27 125.0 180.3 1.45 12.3 ± 0.7 0.54 1 132 <3 67680 >200 
3.5.3 High Temperature X-ray Diffraction (XRD) 
X-ray diffraction is a useful technique for obtaining information about the crystal structure 
and properties of a material. This technique utilises the fact that if a beam of incident X-rays, 
which has a wavelength of the same order of magnitude as the atomic spacing of the crystal, 
strikes the material, the X-rays are scattered in all directions [Ask96, Jen99]. The beam of X- 
ray is reinforced when conditions satisfy Equation 3.5, which is known as Bragg's law 
[Ask96, Cul78, Jen99]. 
nA = 2d sin 0 
(3.5) 
where n is an integer, A is the wavelength of the electrons, d is the spacing of the diffracting 
plane, and 0 is the angle of incidence of the electrons on the diffracting plane. High 
temperature X-ray diffraction was developed as an experimental method in the early 1920's. It 
has since developed into a useful technique for measuring the lattice parameters of crystalline 
materials as a function of temperature and hence is a useful tool for monitoring phase 
transformation and measuring the coefficient of thermal expansion on phases. Becker was the 
first to successfully use high temperature X-ray techniques to measure the thermal expansion 
coefficient of iron [Bec27]. The advantage of the high temperature X-ray technique is that in 
multi-phase materials the expansion of each phase can be monitored individually, which is 
impossible using bulk dilatometry [GoI57]. 
The four materials (alloys 4,8,10 and 25) used in this work are described in Tables 3.1 and 
3.2. As mentioned earlier, each alloy was dominated by a particular phase of interest. The 
main intermetallic phases have been considered in these alloys to simplify high temperature 
X-ray diffraction analysis. Longer annealing times and higher annealing temperatures were 
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required in order to release the residual thermal stresses of as-cast samples. Thus, all samples 
were homogenized by annealing for 24 h at 560'C followed by furnace cooling. 
The high temperature X-ray experiments in this work were performed using a Bruker AXS X- 
ray diffractometer with a copper X-ray tube (Xcu=1.5405 A) and operated at 40 W and 40 
mA. A Pt-Pt 10 wt. % Rh thermocouple was spot welded to the underside of the nickel heating 
plate, which measured the temperature of the plate. The sample was required to be a thin, flat, 
parallel sided plate with a uniform thickness of around 1.5 mm. Samples were fixed in the 
middle position of the nickel heating plate. The scan was preformed between 10-100" with 
dwell time of 1 second and a step size of 0.02' for phase identification in the four alloys. An 
important scanning range was also selected for subsequent thermal expansion experiments. 
The high temperature X-ray diffraction analysis for intermetallic phases was carried out at 
temperatures between 25"C and 400'C in order to obtain the change in the lattice parameters 
with temperature and hence to estimate the thermal expansion coefficient. The diffraction data 
were collected using a continuous scan mode with a step interval of 0.01" and a count time of 
10 s/step. 
3.6 Summary 
This chapter has reviewed a range of experimental techniques used for the characterisation of 
complex, multicomponent phases in AI-Si alloys. Thermodynamic modelling to predict both 
phase formation and phase compositions is discussed in Chapter 4. Microstructural 
characterisation was performed by SEM, EDX, EBSD and 3D X-ray tomography, and is the 
focus of Chapter 5. Mechanical and thermal properties have been determined using 
nanoindentation and high temperature X-ray diffraction, respectively, and are discussed in 
Chapters 6-9. 
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CHAPTER 4 
THERMODYNAMIC MODELLING AND THERMAL ANALYSIS 
4.1 Introduction 
Thermodynamic modelling is an important technique to predict the phases present in 
multicomponent alloys at thermal equilibrium by using the Gibbs energy of the system. This 
chapter consists of two main areas of investigation. Firstly, thermodynamic modelling has 
been used to predict the equilibrium and non-equilibrium segregated structures in 
multicomponent alloys. Secondly, the fonnation temperature of phases predicted by the 
thermodynamic calculations and has been compared to observations using high temperature 
differential scanning calorimetry (DSQ. 
4.2 Thermodynamic Modelling 
4. ZI Equilibrium Simulations (Piston Alloys 2S to 27) 
In an alloy which has solidified under very slow cooling conditions with the opportunity for 
complete diffusion in the solid and liquid, thermodynamic equilibrium conditions are likely to 
be representative of the observed microstructure. Therefore, the equilibrium phases in alloy 25 
can be predicted by thermodyn=ic calculations, as shown in Figures 4.1 and 4.2. These 
illustrate that due to the higher silicon concentration in alloy 25 the formation of the first 
phase is primary silicon at - 575*C and solidification is completed by going through the 
eutectic reaction where the secondary silicon and the aluminium simultaneously form at the 
eutectic temperature of - 5501C. As the temperature decreases to around 5401C, three main 
stable intermetallic phases form including A13Ni2, AlgFeNi and A15CU2Mg8Si6. However, the 
Al7Cu4Ni phase forms at a lower equilibrium temperature (3700C), and therefore is most 
easily observed after ageing treatment. 
On the other hand in alloy 26, which has a Si concentration of 6.9 wt. %, aluminium is the first 
phase predicted to form rather than the primary silicon. An eutectic reaction initially occurs at 
around 5500C, which is almost the same as for alloy 25. Figures 4.3 and 4.4 show that three of 
intermetallic phases are Al3Ni2, AlgFeNi and A15CU2Mg8Si6, and the secondary silicon phase 
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are predicted to form at high temperatures and remain stable at an approximately constant 
weight faction as the temperature reduces. 
The silicon concentration of alloy 27 is 0.67 wt. %; therefore, it will not form any primary or 
secondary silicon due to all of silicon dissolving into the solid aluminium, (below the solubility 
limit). Thus, the prediction of the first phase to form is aluminium by the equilibrium 
simulation. Note that the AlgFeNi and Al3Ni2 phases are still predicted to form at high 
temperatures of around 620"C and 580'C, respectively. On the other hand, comparing the 
amounts of the intermetallic phases across the three alloys, the Al3Ni2 phase has a higher mass 
fraction in alloys 26 and 27, as shown in Figures 4.2,4.4, and 4.6. This can be attributed to Cu 
and Ni additions, which are similar in the three alloys (around 3 wt. %), but the effect of Cu 
and Ni becomes more dominant when the concentration of silicon is reduced. 
4. Z2 Scheil Simulations (Piston Alloys 25 to 2 7) 
The Scheil simulation assumes that diffusion of solute does not occur in the solid and that the 
liquid composition is kept homogenous during solidification. Scheil simulations are therefore 
likely to be representative of the worst case of segregation during solidification. The Scheil 
calculation of alloy 25 indicates that the additional intermetallic phases: A17Cu4Ni, 
A18FeMg3Si6 and Al7Cu2Fe intermetallics, which are not predicted by the equilibrium 
calculations at the high temperature (5 1 O"C), can form as shown in Figure 4.2. These could be 
expected to exist in interdendritic regions although only in very small quantities. Similarly, 
these three phases are also predicted in alloy 26 by Scheil calculation and their mass fractions 
are consistent with alloy 25, as shown in Figures 4.2 and 4.4. Additionally, alloy 26 possesses 
the highest amount of the Al3Ni2 phase of the three alloys. This can be attributed to a 
reduction in silicon concentration and the higher Cu and Ni contents, which encourage the 
formation of Al3Ni2- In alloy 27, on the other hand, AIN and A12Cu are only predicted in this 
alloy. This is because the high Cu and Ni contents together with the extremely low 
concentration of Si makes the formation of these phases more probable. Scheil calculations 
indicate that a number of additional phases will form during faster cooling including Si, 
A17CU2Fe, A12Cu and A17Cu4Ni, as shown in Figure 4.6. 
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Figure 4.1 Equilibrium simulations for alloy 25 by thermodynamic calculation 
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Figure 4.2 Equilibrium and Scheil simulations to predict different phases and their wt. (%) in alloy 25 
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Figure 4.3 Equilibrium simulations for alloy 26 by thermodynamic calculation 
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Figure 4.4 Equilibrium and Scheil simulations to predict different phases and their wt. (%) in alloy 26 
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Alloy 27 
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4.23 Phase Predictionjor Model Alloys 4,8 and 10 
The model alloys 4,8 and 10 are much simpler and have been designed to produce the main 
intermetallic phases of interest in these alloys to simplify high temperature X-ray diffraction 
analysis and 3D X-ray tomography observations. In this section, the phase formation 
temperatures and their mass fraction were predicted by thermodynamic modelling. Figure 4.7 
shows the phase prediction for model alloy 4 and the amount of phase, as function of 
temperature. Only one main intermetallic phase (a-AlFeMnSI) was predicted in model alloy 4, 
which has a high mass fraction of - 10.1%. The formation temperature of the a-AlFeMnSi 
phase was predicted to be above 650'C. The trance of AIN have also predicted as well as Si. 
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Figure 4.7 Equilibrium simulations for alloy 4 by thermodynamic calculation 
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Alloy 8 contains a high concentration of Ni (4.4 wt. %). Figure 4.8 shows that two main 
intermetallic phases, AIN and AlgFeNi, are predicted in model alloy 8. The equilibrium 
simulation predicted AlgFeNi to form the higher mass fraction of interinetallics, 9.4%, 
followed by AIN, 4.3%. The a-AlFeMnSi phase is predicted to form in very small quantities, 
with a mass fraction of 0.4%. The formation temperature of these two phases was predicted as 
- 570'C, which is much lower than that of the (x-AlFeMnSi phase of alloy 4. 
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Figure 4.8 Equilibrium simulations for alloy 8 by thermodynamic calculation 
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Alloy 10 contains a high concentration of Cu (5.1 wt. %). Figure 4.9 shows that two main 
intermetallic phases, major A12Cu and minor A17CU2Fe, were predicted in model alloy 10. The 
equilibrium simulation predicted the A12CU phase to forin the higher mass fraction of 
intermetallics, 6.7%, followed by the Al7CU2Fe phase, 2.6%. The a-AlFeMnSi phase was also 
predicted to form in the very small mass fraction of 0.6%. The formation temperature of the 
A12Cu and A17CU2Fe phases were predicted to be - 520'C and 540'C, respectively, which are 
obviously lower than that of a-AlFeMnSi in alloy 4 and that of AlgFeNi and AIN in alloy 8. 
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Figure 4.9 Equilibrium simulations for Alloy 10 by thermodynamic calculation 
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4.3 Thermal Analysis 
In order to try and clarify the solidification process in the model alloys, a series of DSC 
experiments were run to ascertain the phase formation during the endothermic and exothermic 
reactions. Endothermic and exothermic reactions give rise to peaks which can be observed in 
the DSC traces; these peaks are representative of the formation/dissolution of specific phases 
and therefore the results can be interpreted as being consistent with thermodynamic modelling 
predictions of phase formation. The results of these observations are compared with phase 
stability temperatures predicted by the equilibrium thermodynamic calculations. As a result, 
the nucleation temperatures and phase identification can be determined by the variation of the 
heat flow during DSC tests, and have been compared with predictions from thermodynamic 
calculations. 
4.3.1 DSC Thermal Analysisfor Exothermic Reactions 
Alloy 25 
Figure 4.10 shows a cooling trace for alloy 25. It can be seen that the primary silicon is 
initially nucleated at around 584'C, which is 10*C higher than that predicted by the 
thermodynamic calculation, given in Table 4.1. The large peak indicates the formation of a- 
aluminium, AlqFeNi and a-AlFeMnSi at around 555"C. The result of the experiments appears 
to be similar to that of thermodynamic calculations, which are that phases form at 558,555 
and 5500C, respectively. Moreover, Al3Ni2 and A15CU2Mg8Si6 are simultaneously formed at 
around 541'C, which is similar to that predicted by thermodynamic calculations. The small 
peak probably indicates the formation of AbTi at around 500*C; however, this result is 
different from the thermodynamic calculation (478"C). 
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Figure 4.10 DSC analysis for exothermic reactions of alloy 25 
Table 4.1 A comparison of the difference in formation temperatures in various phases between thermodynamic 
calculations and DSC Test in alloy 25 
Si Al Alpha ALgFeNi Al3Ni2 AISCU2Mg8Si6 A13Ti 
DSC Test 584'C 555'C 555"C 555C 54 1 "C 54 PC 500'C 
Calculation 574'C 558T 555'C 550'C 535C 530'C 478'C 
Mass fraction of phases predicted in alloy 25 
Equilibrium 
at 300*C I 
11.81 
I 
73.02 
I 
0.26 4.38 
I 
6.64 2.09 
I 1-0.17 
Alloy 26 
Figure 4.11 shows the exothermic reaction of alloy 26. Initially, the sharp peak indicates the 
forination of (x-aluminium at around 5800C. The results appear to have a noticeable difference 
from thermodynamic calculations where AbTi initially forms at around 602C and then the 
aluminium forms at 594'C, as given in Table 4.2. Additionally, the broad second peak 
indicates that the three phases (AlgFeNi, silicon and Al3Ni2) fonn simultaneously at around 
548'C. This appears be consistent with thermodynamic calculations (539 - 557'C). After that 
the small peak indicates the fori-nation of a and A15CU2Mg8Si6 at around 531'C, which are 
almost the same as the predictions of the thermodynamic calculation. 
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Table 4.2 A comparison of the difference in formation temperatures in various phases between thermodynamic 
calculations and DSC Test in alloy 26 
=ý- A13Ti Al AlgFeNi Si AIN2 A15CuzMg8Si6 Alpha 
DSC Test 580'C 548'C 548'C 548C 53 PC 53PC 
Calculation 602'C 594'C 557C 547C 539'C 529'C 529'C 
Mass fraction of phases predicted in alloy 26 (%) 
Equilibrium 
at 3000C 
0.15 
I 
79.49 2.55 
II 
6.31 
I 
9.33 1.92 
II 
Alloy 27 
From Figure 4.12 it can be seen that the aluminium. is first nucleated at around 630'C. 
Afterwards, two peaks indicate the formation of the AlqFeNi and Al3Ni at around 618'C and 
6201C respectively. These observations are consistent with that of thermodynamic 
calculations, as given in Table 4.3. However, after that the small peak indicates the nucleation 
temperature of the A13NI2 at around 559'C, which is 181C different from thermodynamic 
calculation. Note that at temperatures between 495'C and 550'C there remains a small but 
significant heat flow, which could explain the formation of numerous small precipitates at 
these lower temperatures. 
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DSC Analysis for Exothermic Reaction of Alloy 27 
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Figure 4.12 DSC analysis for exothermic reactions of alloy 27 
Table 4.3 A comparison of the difference in formation temperatures in various phases between thermodynamic 
calculations and DSC Test in alloy 27 
A[ ALgFeNi ALN AIN2 -mg2Si Alpha A15CU2Mg8Si6 
DSC Test 630'C 618'C 602'C 559'C 
Talculation 632'C 622'C 602'C 577'C 540'C 534'C 
Mass fraction of phases predicted in alloy 27 (%) 
Equilibrium 
at 300"C 
85.52 
I 
2.45 
I I 
9.23 0.03 T 0.29 2.31 
It should be noted that the nucleation of Si in alloys 25 and 26 is complex due to the probable 
presence of heterogeneous nucleation sites, in particular Alp etc. Primary silicon should not 
strictly be observed in hypoeutectic alloys, therefore, the presence of the heterogeneous sites 
which are very efficient at nucleating primary silicon particles can explain some of the 
differences between observations and calculations at high temperature. 
4.3.2 DSC Thermal Analysisfor Endothermic Reactions 
Figure 4.13 shows the endothermic reactions of alloys 25-27 in different heat treated 
conditions (non-heat treated alloys and heat treated alloys for I and 7 days). The longer heat- 
treated alloys can be expected to form a number of precipitates in the matrix. However, the 
endothennic reactions are almost the same in both heat treated or non-heat treated samples in 
alloys 25-27 and do not show any endothermic reactions at temperatures below 480'C. This 
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indicates that there are apparently no precipitates forming at low temperature in spite of the 
long heat treatment (230'C for 7 days), within the sensitivity of the DSC used. 
DSC Analysis for Endothermic Reactions of Alloys 25-27 
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Figure 4.13 DSC analysis for endothermic reactions of alloys 25-27 
4.4 Summary 
The equilibrium and Scheil simulations have been proven to be representative of the fraction 
and composition of the major phases occurring in the micrOStructures of the as-received piston 
alloys used in this work. The Schell simulation also has the potential to predict phases forming 
in segregated regions. Consistent reaction temperatures have been observed by using high 
temperature DSC, and the results are in reasonable agreement with thermodynamic 
calculations. Additionally, the endothermic reactions are almost the same in both heat treated 
and non-heat treated samples. It has therefore been demonstrated that the thermodynamic 
calculations provide a useful tool for the prediction of phases present in their components, and 
can be used as an integral part of an overall modelling strategy. 
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CHAPTER 5 
MICROSTRUCTURE CHARACTERISATION 
5.1 Introduction 
The presence of additional elements in the Al-Si alloy system can cause many complex 
intermetallic phases to form, which often have some solubility for additional elements. These 
include, for example, CuA12, AIN2, A17Cu4Ni, AlgFeNi and A15CU2Mg8Si6 phases. 
Identification is often non-trivial due to the fact that some of the phases have either similar 
crystal structures or only subtle changes in their chemistries. This chapter aims to develop a 
complete understanding of microstructural. evolution in multicomponent Al-Si piston alloys, 
using a variety of experimental techniques. The work has examined three as-received piston 
alloys (25 - 27) with very different Si concentrations and three model alloys (4,8 and 10) 
which were primarily used for 3D X-ray tomography. Thus, this chapter consists of five main 
areas of investigation. Firstly, microstructural characterisation in multicomponent Al-Si alloys 
which result from different thermal treatments has been carried out. Secondly, phase 
identification has been carried out using a combination of optical microscopy and energy 
dispersive X-ray (EDX) analysis, in addition to a combination of electron backscatter 
diffraction (EBSD) and EDX, which has been used in order to uniquely identify the various 
phases. Thirdly, fatigue crack initiation sites has been investigated using a combined EBSD 
and EDX method in three multicomponent Al-Si alloys with varying Si content. Fourthly, 
different specimen preparation techniques have been used, and a comparison will be made of 
the results using both conventional polishing and ion beam milling. Finally, the 3D 
morphologies of some of the intermetallic phases have been observed by X-ray tomography. 
5.2 Phase Ana ysis 
5.2.1 Optical Microstructure Observationsfor Piston Alloys 25 to 27 
The microstructure of alloy 25 was initially examined using optical microscopy after various 
treatments, which included in the as-received condition, after short aging times (24 hours), 
long aging times (7 days) and after DSC tests. The microstructures were observed at the same 
magnifications (200 and 500 times) and are presented in Figures 5.1 and 5.2. In general, the 
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microstructures produced are very complex and, due to the fact that the bulk silicon content in 
the alloy 25 is near-eutectic, the silicon phase is present in all regions of the material and 
optically has a slate-grey colouring. Different silicon morphologies were found in the form of 
cuboids (primary silicon) or plates (secondary silicon). The primary cuboids often were 
surrounded by secondary flakes and small particles, identified as AIP, were observed to be 
present in the primary silicon. AIP particles can act as heterogeneous nucleation sites on 
which the primary silicon can easily nucleate, promoting the formation of a large number of 
smaller silicon particles. In addition, a number of intermetallic compounds, such as AIN2, 
AlgFeNi, AIsCU2Mg8Si6 etc., are visible in the microstructures. 
Comparing the as-received and heat-treated alloys in Figures 5.1 (a-c) (low magnification) and 
5.2 (a-c) (high magnification), there is an indication that more intermetallic compounds and 
secondary silicon form, in addition to the primary silicon and aluminium dendrites tending to 
become larger with increasing the time of heat treatment. The heat treatment process allows 
long-range diffusion and redistribution of atoms, thereby resulting in possible gain growth 
and the formation and coarsening of precipitates. Thus, the system becomes more 
homogenous and tends towards to equilibrium. Figures 5.1 (d) and 5.2 (d) show micrographs 
of the sample after DSC tests: it can be clearly seen that there are large intermetallic 
compounds with irregular or flat morphologies, and the absence of aluminium dendrites. The 
extremely low cooling rate (1'C/min) in the DSC tests results in a very long solidification 
time allowing a planar growth. 
On the other hand, the microstructure examination in alloy 26 reveals the absence of the 
primary silicon. However, intermetallic compounds and secondary silicon are seen to 
segregate or cluster either ahead of the dendrite tip or between and around the dendrite arms, 
as shown in Figures 5.3 and 5.4. It would appear that a visible coarsening of aluminium 
dendrites and a coarsening of second phases occurs as the time of heat treatment increases, as 
shown in Figures 5.3 (a-c) and 5.4 (a-c). However, in the microstructure of alloy 27 both 
primary and secondary silicon were not observed optically due to extremely low Si 
concentration. Instead, the higher copper and nickel concentrations (- 3 wt. %) led to the 
formation of many intermetallic phases between the aluminium dendrites, as shown in Figures 
5.5 and 5.6. Additionally, a number of voids also can be seen in the samples after DSC, as 
shown in Figures 5.5 d) and 5.6 d), due to the low Si content, reducing fluidity during 
solidification, and as a result of the low cooling rate. 
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Figure 5.5: a) Alloy 27, as-received alloy Figure 5.6: a) Alloy 27, as-received alloy 
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5.2.2 Energy Dispersive X-ray (EDX) Analysis of Intermetallic Phases 
EDX has been used for phase identification using the chemical composition difference 
between the intermetallic phases. The typical composition of the various intermetallic phases 
follows previous researchers [Mon76, Day98, Edw02]. Two aspects of interest are discussed 
here: a comparison of the composition differences between the main phases in piston alloys 
and the effect of different heat treatment conditions on the phase compositions in alloy 25. 
Additional details of other phase identification methods will be further discussed in Section 
5.3. 
Comparing the Composition Differences between the Main Phases in Piston Alloys 
Three main intermetallic phases, AIN2, AlgFeNi, and A15CU2Mg8Si6, are predicted to be 
present in the three as-received piston alloys (alloys 25-27) despite their different silicon 
concentrations. In order to measure the atomic percentage of each element in the different 
phases, EDX in the SEM was used. The first point of interest is to compare the compositional 
differences between the main phases for the three as-received model alloys. Figure 5.7 shows 
the atomic percentage of all components in the Al3Ni2 phase, the balance being aluminium. It 
is shown that nickel, copper and aluminium. are the main elements present in this phase and 
their atomic percentages are very similar for all three piston alloys. Note that due to the 
similarity of copper and nickel atoms it can be assumed that nickel can substitute for copper, 
at least to a limited extent. Therefore, a range of compositions is possible, which makes phase 
identification non-trivial. This also results in problems differentiating between the Al3Ni2 and 
Al7Cu4Ni phases. The results for the AlgFeNi and A15CU2Mg8Si6 phases are presented in 
Figures 5.8 and 5.9, respectively, and also show that the atomic percentages of components in 
the two phases are only slightly different for the three piston alloys. The Fe in the AlgFeNi 
phase of alloy 25 does look a little bit higher than the other alloys, which can be attributed to 
the higher Fe content in alloy 25; the compositions are given in Table 3.1. Consequently, it 
can be concluded that the compositions of the main phases are very consistent between the 
three different model alloys, despite their significant differences in silicon content. 
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Figure 5.7 Atomic percentage of component in the AIN, phase in piston alloys 25-27 
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Figure 5.8 Atomic percentage of component in the Al, )FeNi phase in piston alloys 25-27 
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Figure 5.9 Atomic percentage of component in the A15CU'MggSi6 phase in piston alloys 25-27 
The Effect of Different Heat Treatment Conditions on Phase Compositions in Alloy 25 
This section compares the effect of different thermal treatments on the phase composition in 
one alloy, alloy 25. It has been noted in the previous section that the same phases in the 
different alloys have similar compositions due to the similarity in their Cu and Ni contents. 
Alloy 25 contains many different intermetallic compounds, which have been used to 
investigate the effects of different thermal treatments on phase compositions. The different 
thermal treatments studied include; the as-received condition, conventionally heat-treated (at 
230'C for 24 hours and 7 days), and after DSC tests. These results have also been compared 
with previous work by Daykin [Day98] and Edwards [Edw02], which were carried out on a 
number of multicomponet Al-Si alloys. Additionally, thermodynamic calculations were used 
to predict phase compositions to compare with the "equilibrium samples" (after DSC tests). It 
should be noted that the effect of the interaction volume in EDX analysis, in which there could 
be 'pick up' from the matrix for particles less than I ýtm in size, is likely to be much reduced 
when examining the larger particles produced during the DSC heat treatments. 
9 A13Ni2 Phase 
This phase is referred to as A]3(Cu, Ni)2 due to the large amounts of copper it can contain and 
hence this non-stoichiometry results in several variations of the composition of the phase 
being possible depending on the Cu: Ni ratio. Figure 5.10 shows that copper (18-21 at. %) and 
nickel (13-21 at. %) are the main elements present in the A13NI2 phase, with a balance of Al. 
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Consequently these elements provide the most reliable comparison between the various heat 
treatments and the previous work. It is shown that the atomic percentages are almost the same 
in both the non heat-treated and heat-treated samples, but their error bars become narrower as 
the time of heat treatment is increased, as shown in Figure 5.10 and Table 5. L This is because 
long heat-treatments have sufficient time to allow diffusions of atoms, thereby resulting in the 
system tending to equilibrium and a homogenous composition. On the other hand, the sample 
after DSC tests possesses a higher atomic percentage of the main elements compared with the 
other conditions. This can be ascribed to the extremely low cooling rate used for DSC tests, 
which allows the system to approach then-nodynamic equilibrium and leads to a completely 
homogeneous composition. Thus, they exhibit the shortest error bars of all conditions; in 
contrast, longer error bars indicate the presence of segregation, particularly in the as-received 
samples. 
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Table 5.1 Element concentrations of AIN, in different conditions of alloy 25; the highlights indicate the change 
in error bar size as a function of heat treatment condition. 
Element concentration /at. % 
Name Conditions Mg Si Fe Ni Cu Al 
Daykin As-received - 0.22 0.29 13.55 18.99 66.88 
Edwards As-received 0.35 0.90 0.43 12.70 21.90 63.37 
Chen As-received 1.63 0.6 0.48 15.27 16.88 65.14 
Std Dev 0.21 0.22 0.18 3.16 2.65 1 4.53 
Heat Treatment 1D 1.54 0.71 0.50 16.24 16.69 64.34 
Std Dev 0.25 0.18 0.14 2.78 3.14 5.42 
Heat Treatment 7D 1.71 0.82 0.51 15.36 16.61 64.99 
Std Dev 0.62 0.34 0.12 1.51 2.55 3.15 
After DSC Test 1.16 0.42 0.39 20.18 20.31 1 57.54 
I Std Dev 0.33 0.24 0.11 1.65 1.74 0.77 
_jý_o__delring I Equilibrium at 3000C - I- - 16.44 23.49 
oA lgFeNi Phase 
Since the AlqFeNi phase has some solubility for additional elements, identification becomes 
more difficult if analysis is only through EDX. Nickel (I 1- 15 at. %) and iron (2-4 at. %) are the 
main elements in this phase, apart from aluminium, as shown in Figure 5.11 and Table 5.2. 
As-received samples display some differences in both the atomic percentage and error bar 
range. Non-equilibrium solidification is expected to be present in piston castings. This leads to 
segregation in the as-received pistons, which are as 'as-cast'. Additionally, due to very slow 
cooling in the DSC the percentage of elements in this phase is very consistent with the results 
of the thermodynamic calculations. 
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Figure 5.11 Atomic percentage of component of AlqFeNi in different conditions of alloy 25 
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Table 5.2 Element concentrations of AlqFeNi in different conditions of alloy 25; the highlights indicate the 
change in error bar size as a function of heat treatment condition. 
Element concentration /at. % 
Name Conditions Mg Si Fe Ni Cu A 
Daykin As-received - 10.87 6.26 7.70 - 74.36 
Edwards As-received 0.56 0.22 2.86 14.40 1.72 79.70 
Chen As-received 1.68 1.31 2.03 11.87 1.94 81.13 
Std Dev 0.25 0.59 0.77 2.59 0.88 1 3.17 
Heat Treatment 1D 1.55 2.24 3.48 14.86 1.35 76.51 
Std Dev 0.15 1.07 0.2 0.84 0.22 1.36 
Heat Treatment 7D 1.53 1.74 3.2 14.51 1.66 77.35 
Std Dev 0.19 0.16 0.17 0.65 0.27 0.75 
After DSC Test 1.55 2 4.15 13.38 1.09 77.84 
Std Dev 0.14 1 0.52 0.79 0.73 0.28 0.65 
-jý-o--delling Equilibrium at 3000C - I- 5.23 12.94 81.81 
A (Al5Cu2Mg8Si6) Phase 
The k phase is a stoichiometric intermetallic compound and forins from the AlCuMgSi system. 
Through EDX analysis the phase composition was determined, as given in Table 5.3, and can 
be seen to contain large quantities of Al, Si and Mg, with a substantial amount of Cu. There is 
also some limited solubility of other elements such as Ni and Fe, less than 1.5 at. %. The 
predicted composition is in good agreement with that observed especially for the samples 
treated in the DSC under very slow cooling conditions. The error bars are manifestly changed 
by the various thermal treatment processes, as shown in Figure 5.12 and Table 5.3. 
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Table 5.3 Element concentrations of ý, (Al5CU21Mg8Si6) in different conditions of alloy 25; the highlights indicate 
the change in error bar size as a ftinction of heat treatment condition. 
Element concentration /at. % 
Name Conditions Mg Si Fe Ni Cu Al 
ki As-received 
37.21 32.03 0.00 0.42 8.30 22.00 Day n Std Dev 0.90 0.53 0.00 0.06 0.12 0.53 
Edwards As-received 30.20 23.50 0.05 1.23 7.61 38.00 
Chen As-received 20.38 18.82 0.34 0.95 5.71 53.79 
Std Dev 6.96 4.85 0.39 1.33 1.56 11.5 
Heat Treatment 1D 18.26 19.60 0.29 0.79 6.83 54.32 
Std Dev 4.1 3.38 0.20 0.69 1.37 8.18 
Heat Treatment 7D 20.22 20.01 0.27 0.63 6.65 52.22 
Std Dev 3.66 2.6 0.14 0.38 0.86 7.08 
After DSC Test 38.16 32.16 1 0.22 0.43 9.77 19.26 
Std Dev 1.32 0.88 0.05 1 0.13 0.27 2.09 
Modelling I Equilibrium at 3000C 1 38.09 28.57 9.52 23.81 
* A17Cu4Ni Phase 
This ternary phase forms in the complex AlCuNi system and has a non-stoichiometric 
composition. From standard SEM analysis the 
A17Cu4Ni was set apart from the A13NI2 by its 
Al: (Cu, Ni) ratio which is approximately 1.4 for A17Cti4Ni and between 0.5 and 4 for the 
Al3Ni2 [Edw02]. Table 5.4 shows that the composition of A17Cu4Ni phase has a high Cu (23- 
33 at. %) content, low Ni (8-12 at. %) content and very little solubility (<I at%) of other 
elements except Al. The smaller errors in Figure 5.13 suggest that the composition of the heat- 
treated samples is more homogenous than the other treatments. The samples after DSC seem 
to have approached equilibrium since they appear a similar composition to that of the 
thermodynamic calculations. 
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Figure 5.13 Atomic percentage of component of A17CU4Ni in different conditions of alloy 25 
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Table 5.4 Element concentrations of A17CU4Ni in different conditions of alloy 25; the highlights indicate the 
change in error bar size as a ftinction of heat treatment condition. 
Element concentration /at. % 
Name Conditions Mg Si Fe Ni Cu Al 
Daykin As-received - 0.16 0.32 8.53 28.65 62.22 
Edwards As-received 0.30 0.30 0.50 11.90 23.50 63.30 
Chen As-received 1.68 0.88 0.49 8.24 22.85 65.86 
Std Dev 0.29 0.36 0.19 2.37 3.77 4.88 
Heat Treatment 1D 1.38 0.52 0.55 10.15 28.63 58.77 
Std Dev 0.22 0.13 0.19 2.42 2.84 5.93 
Heat Treatment 7D 1.67 0.82 0.56 9.49 23.51 63.96 
Std Dev 0.27 0.24 0.12 2.07 2.13 3.74 
After DSC Test 1.18 0.31 0.35 9.37 32.1 56.08 
- Std Dev 0.18 0.14 0.08 1.80 1.90 1.33 
Modelling Equilibrium at 300'C - I-I - 8.33 33.33 58.33 - 
0 M92Si Phase 
This phase is a stoichiometric compound and contains large amounts of Mg and Si (around 57-63 
at. % and 35-42 at. %, respectively, in addition there is less solubility (<2 at. %) of other elements in 
the phase such as Al and Cu, as shown in Table 5.5. However, this phase has been difficult to 
observe in the SEM because of its very low (or negligible) volume percentage. Therefore, only the 
samples after DSC tests have been examined and the results are shown in Figure 5.14. 
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__ 
Al 
Daykin As-received 63.72 35.44 0.17 ý. 59 
Edwards As-received 63.70 35.40 - 0.17 0.59 
Chen After DSC Test 54.65 42.14 0.16 0.18 0.84 1.76 
Std Dev 2.2 2.13 0.06 0.03 0.79 
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Figure 5.14 Atomic percentage of component Of M92Si in different conditions of alloy 25 
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5.3 Phase Identification 
5.3.1 Phase Identification via Combined Optical Microscopy and EDXAnalysis 
Phase identification using EDX was based on the known characteristic compositions of the 
phases. Thus, optical microscopy and EDX analysis have been combined to produce a simple 
method for phase identification. The samples after DSC tests are preferable for phase 
identification, because the large dimensions of the second phases allow easy observation of 
the microstructure optically. Initially, an interesting region, which possessed many different 
phases, was examined and then micro-hardness was used to indent a fixed position so that 
SEM could be subsequently used to examine the same region. Figures 5.15 and 5.16 show an 
SEM image and an optical micrograph, respectively, of one specific region. The phases are 
labelled and identified in the microstructure and their compositions are listed in Table 5.6. 
The Al3Ni2 phase (Label 5) can be seen to have a light brown colouring after etching by 
immersion for 15 seconds in 0.5% HF. This phase adopts a thick plate-like morphology. On 
the other hand, the phase labelled 11 represents AlqFeNi and this has a dark brown colouring 
after etching. This phase is darker than that of Al3Ni2 and has coarse script morphology. The 
2, (Al5CU2Mg8Si6) phase, labelled as 1, generally adopts a 'lake-like' morphology and is a dark 
grey after etching, which is similar to the colour of silicon. The Mg2Si phase, labelled 2, is a 
dark brown-grey colour and its morphology adopts a very fine "Chinese script" and clusters 
with the %(Al5CU2Mg8Si6) phase. There are also some additional phases present in the 
microstructure, such as those labelled as 6,12 and 4, which have not been identified. These 
are discussed further in Section 5.3.3. 
one point of interest is that the colour of the AlqFeNi phase, labelled 8 to 11, becomes darker 
as the concentration of iron increases, as shown in Figure 5.17 and Table 5.6. However, 
although EDX analysis indicated the chemical composition of a phase, its crystal structure is 
not known. Therefore, crystallographic information from electron backscatter diffraction 
(EBSD) has been used to assist with phase identification and this will be discussed in Section 
5.3.2. Similarly, another case for the AlqFeNi phase with different colours which vary 
systematically with chemical composition can be seen in Figures 5.18 and 5.19 (a, b) and their 
compositions are listed in Table 5.7. 
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Figure 5.15 SEM image showing different phases in one specific region 
0. 
APR 
Figure 5.16 An optical micrograph showing different phases of one specific region, the same as 
that illustrated in Figure 5.15 
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Figure 5.17 An optical micrograph showing the variety of colour in the AL)FeNi phase, labels 8-10 
Table 5.6 Observed Dhase and their comDosition in all labels of the snecific recion 
A t. % Element 
Label Mg Al Si Fe Ni Cu Mn Observed Phase 
1. 38.50 17.25 33.02 0.18 0.25 10.81 A15CUIM98Sil 
2. 57.18 1.52 40.43 0.19 0.19 0.48 M92Si 
3. 53.26 2.45 42.14 0.21 0.20 1.75 - 
M92si 
4. 1.48 64.74 9.56 11.93 1.40 6.54 4.34 AIFeCuSiMn 
5. 1.22 57.37 0.27 0.42 16.23 19.71 - AIN, 
6. 1.05 67.10 0.76 6.62 4.27 20.21 - AICuFeNi 
7. 1.36 56.47 0.58 0.32 21.70 19.57 - AIN, 
8. 1.37 77.56 1.46 3.91 14.43 1.27 - AlgFeNi 
9. 1.37 77.44 1.39 4.26 14.19 1.35 - Al, )FeNi 
10. 1.43 76.20 1.85 4.86 14.64 1.02 - AlgFeNi 
11. 0.93 76.22 2.40 6.01 13.62 0.82 - Al, )FeNi 
12. 0.87 68.01 0.61 6.66 3.84 20.00 AlCuFeNi 
Wt. % Element 
Label Mg Al Si Fe Ni Cu Mn Observed Phase 
1. 30.79 Iz -1 1 -In z1 0.48 22.59 A15Cu, Mg8Si, 
2. 53.06 1.57 43.35 0.41 0.44 1.17 Mg2si 
3. 48.32 2.47 44.18 0.44 0.43 4.14 - 
M92si 
4. 1.04 50.57 7.78 19.29 2.38 12.04 6.90 AIFeCuSiMn 
5. 0.72 37.34 0.18 0.56 25-84 29.02 - AI; Ni, 
6. 0.38 48.13 0.57 9.82 6.66 34.13 - AICuFeNi 
7. 0.80 37.09 0.40 0.43 31.01 30.27 - AIjNi, 
8. 1.01 63.16 1.24 6.60 25.56 2.43 - AIqFeNi 
9. 1.01 62.96 1.18 7.17 25.11 2.58 - AI, )FcNi 
10. 1.04 61.58 1.56 8.14 25.74 1.94 - AlgFeNi 
11. 0.68 61.68 2.02 10.06 23.99 1.57 - Al, )FeNi 
12. 0.56 49.04 0.46 9.95 6.03 33.96 - AlCuFeNi 
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N- Figure 5.19 (a, b) Two optical micrographs showing the variety of colour in the Al, )Fe\i phase for the region 
illustrated in Figure 5.18 
Table 5.7 Compositions of the variety of colour in the AIqFeNi phase shown in Figure 5.19 
At. % Element 
Label Mg Al Si Fe Ni Cu Observed Phase 
2. 1.48 74.49 3.29 7.00 11.72 2.02 AlgFeNi 
4. 1.45 77.17 2.09 5.14 13.32 0.84 AIqFeNi 
5. 1.51 76.07 2.13 5.41 14.00 0.87 Al, )FeNi 
Wt. % Element 
Label Mg Al Si Fe Ni Cu ObEserved Phýase ý 
2. 1.07 60.08 2.76 11.69 20.56 3.83 qFe Ni AlgFeNi 
4. 1.07 63.13 1.78 8.70 23.72 1.61 Al, )FeNi 
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Figure 5.18 SEM image showing different phases in another specific region 
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5.3.2 Phase Identification by EBSD Manual Indexing and EDX Analysis 
EBSD has become an established technique for analysing the crystallographic structure of 
single and multiphase materials. The crystallographic information extracted from the 
diffraction patterns is compared with the crystallographic information from candidate phases, 
and a best-fit match is determined. It should be mentioned that the EBSD files for each of the 
intermetallic phases have been modified in this work, compared to the ICDD database because 
they have some additional solubility for different elements, which means that their lattice 
parameters are a bit different from the pure binary or ternary phases represented in the 
database. The modifications are discussed, as appropriate, in the relevant sections. 
Aluminium Matrix 
The aluminium matrix in these alloys is known to grow with a dendritic structure. EBSD and 
corresponding EDX were carried out on the matrix. The composition of the aluminium phase, 
given in Tables 5.8 a), confirms that the matrix is predominantly aluminium. A typical 
Kikuchi diffraction pattern collected is shown in Figure 5.20 a). The TSL database provides a 
cubic aluminium phase which has the best fit for the indexed pattern, as shown in Figure 5.20 
b). The crystal structural and diffraction data of the phase are also given in Table 5.8 b). 
a) b) 
Figure 5.20 a) Observed and b) indexed diffraction pattern from the matrix 
Table 5.8 a) Compositions of the aluminium phase 
Percentage f compon nt in phase 
Mg Al Si Mn Fe Ni Cu 
Observed (At. %) 1.88 95.94 0.58 0.11 0.17 0.30 1.01 
Observed (Wt. %) 1.66 94.19 0.59 0.23 0.35 0.65 2.34 
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Table 5.8 b) Crystallographic and diffraction data for the alun-ýiniurn phase 
Crystal system Lattice parameter Data source 
Cubic F a= 4.0494 TSL-alun-ýinum 
Cubic F a=4.0495 Daykin [Day98] 
hkl Interplanar spacing, d Intensity 
I11 2.332 100 
200 2.020 47 
220 1.428 22 
311 1.218 24 
Silicon 
EBSD and EDX were carried out on the silicon particles, the composition of which is shown 
in Table 5.9 a), and typical diffraction patterns in Figure 5.21. The sill I icon particle contains - 
95 at. % Si and has does appear to have some solubility for Al (-2.4 at. %), which appears to be 
a real effect and not due to the interaction volume effect in EDX analysis. The predicted 
equilibrium Al concentration in Si is very small; however, consistently slightly higher levels 
have been measured in these types of multicomponent AI-Si alloys. The TSL database 
contains a cubic silicon phase in which the best match was found using automated indexing. 
The indexed pattern is given in Figure 5.21 b) and can be seen to fit very well between the 
observed and indexed images. However, problems arose due to the fact that the aluminium. 
and silicon phases have the similar crystal structures both based on a fcc lattice with lattice 
parameters of 4.0494 A and 5.43088 A, respectively. 
a) b) 
Figure 5.21 a) Observed and b) indexed diffraction pattern from the silicon phase 
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Table 5.9 a) Compositions of the silicon phase 
Percentage f compon nt in phase 
Mg Al Si I Mn I Fe I Ni I Cu 
Observed (At. %) 0.85 2.48 95.83 0.10 0.20 0.24 0.30 
Observed (Wt. %) 0.73 2.37 95.15 0.18 0.40 0.50 0.67 
Table 5.9 b) Crystallographic and diffraction data for the silicon phase 
Crystal system Lattice parameter Data source 
Cubic F a= 5.43088 TSL-silicon 
Cubic F a=5.43090 Daykin [Day98] 
hkI Interplanar spacing, d Intensity 
I11 3.135 100 
200 2.715 55 
211 2.217 30 
220 1.920 12 
311 1.637 11 
A13(CUA02 
EBSD and EDX were carried out on particles believed to be A13(Cu, Ni)2. The chemical 
composition is given in Table 5.10 a), which contains - 13 at. % Ni and 16 at. % Cu, 
respectively. The EDX trace is given in Figure 5.23, where Al, Cu, and Ni peaks can all be 
seen. A diffraction pattern from a particle believed to A13(Cu, N1)2 is shown in Ficrure 5.22. t5 
Although there are three Al3Ni2 phases in the ICDD database, the card number 14-0648, 
which is the hexagonal A13NI2 phase, was automatically indexed as the best fit and was taken 
as a good solution, as shown in Figure 5.22 b). Note that the card number 28-0016, which is 
the trigonal A17Cu4Ni phase, also provides a good match since both the A13Ni2 and Al7CU4Ni 
phases have very similar crystal structures. This is covered in more detail with respect to 
A17Cu4Ni in the next section. 
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a) b) 
Figure 5.22 a) Observed and b) indexed diffraction pattern from the AIN, phase 
Table 5.10 a) Compositions of the AIN, phase 
Percentage of co ponent in hase 
Mg Al Si Fe Ni Cu 
Observed (At. %) 2.35 65.77 0.89 0.08 15.45 15.28 
Observed (Wt. %) 1.52 47.34 0.67 0.26 24.19 25.90 
A13Ni2 
Figure 5.23 EDX spectrum for AINI 
Table 5.10 b) Crystallographic and diffraction data for the Al3Ni, phase 
Crystal system Lattice parameter (A) Data source 
Hexagonal a= 4.065, c=4.906 ICDD 14-0648 
Hexagonal a=4.140, c=4.900 Daykin [Day98] 
Hexagonal a=4.0363, c=4.9004 Handbook [ViI85] 
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hkI (ICDD 14-0648) Interplanar spacing, d Intensity 
001 4.906 45 
100 3.520 40 
1 01 2.860 30 
1 10 2.033 65 
1 02 2.013 100 
I11 1.878 12 
2 12 1.170 20 
A17CU4Ni 
The Al7Cu4Ni and A13Ni2 phases are very complicated. Since the atomic scattering factors of 
Cu and Ni are very similar, it is effectively impossible to distinguish between the various 
stacking sequences. Additionally, due to the composition of Al7Cu4Ni also falling into the 
wide range of compositions for the AbN12 phase it also results in a similar crystal structure 
with the Al3Ni2 phase. These phenomena make the phase identification more difficult. EBSD 
and EDX were carried out on AlCuNi particles from which the chemical composition is given 
in Table 5.11 a), the EDX spectrum in Figure 5.25, and the diffraction pattem in Figure 5.24 
were obtained. The ICDD database contains 4 AlCuNi phases from which automatic indexing 
found the card number 28-0016 to fix the best. Therefore, due to the good match in the 
diffraction pattern and a reasonable chemical composition with low Cu and high Ni content 
the correct solution has been found successfully. The crystallographic and diffraction data for 
the Al7CU4Ni phase are given in Table 5.11 b). 
a) b) 
Figure 5.24 a) Observed and b) indexed diffraction pattern from the A17CU4Ni phase 
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Table 5.11 a) Compositions of the Al7Cu4Ni phase 
Percentage of co ponent in hase 
Mg Al si Fe Ni Cu 
Observed (At. %) 1.20 67.92 1.08 0.61 7.14 21.43 
Observed (Wt. %) 1.84 49.24 0.81 0.91 11.26 36.58 
A17CU4Ni 
Figure 5.25 EDX spectrum for A17Cu4Ni 
Table 5.11 b) Crystallographic and diffraction data for the Al7Cu4Ni phase 
Crystal system Lattice parameter (A) Data source 
Trigonal a= 4.105, c=39.970 ICDD 28-0016 
Hexagonal a=4.120, c=5.010 Daykin [Day98] 
Trigonal a=4.105, c=39.970 Handbook [ViI85] 
hkI (ICDD 28-0016) Interplanar spacing, d Intensity 
110 2.053 98 
1016 2.044 100 
02 1 1.778 4 
02 16 1.448 22 
21 16 1.183 21 
01 32 1.178 9 
AlgFeNi 
EBSD and EDX were carried out on AlgFeNi, from which the chemical composition with a 
high Ni content can be seen in Table 5.12 a), the EDX spectrum in Figure 5.27, and diffraction 
patterns in Figure 5.26. The lCDD database contains four AlFeNi phases but none of them are 
AlqFeNi. However, the phase was automatically indexed as card number 30-0007, which is 
the monoclinic A19CO2 phase, with a reasonable fit to indicate that this is the correct solution, 
as shown in Figure 5.26 b). This card was therefore used to discriminate the AlqFeNi phase. 
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a) b) 
Figure 5.26 a) Observed and b) indexed diffraction pattern from the AlqFeNi phase 
Table 5.12 a) Compositions of the AIqFeNi phase 
Percentage of co ponent in hase 
Mg Al Si Fe I Ni I Cu 
Observed (At. %) 1.22 78.09 1.48 2.97 14.7 1.53 
Observed (Wt. %) 0.9 63.75 1.26 5.03 26.12 2.94 
AlqFeNi 
3" . 7. s" 
Figure 5.27 EDX spectrum for Al, )FeNi 
Table 5.12 b) Crystallographic and diffraction data for the AlqFeNi phase 
Crystal system 
_-- 
Lattice parameter (A) Data source 
Monoclinic a= 8.556, b=6.290, c=6.123,0=94.76 ICDD 30-0007 
Monoclinic a= 8.620, b=6.258, c=6.222,0=95.48 Daykin [Day98] 
Monoclinic a= 8.598, b=6.271, c=6.207, P=94.66 Handbook [ViI85] 
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hkI (ICDD 30-0007) Interplanar spacing, d Intensity 
I10 5.062 100 
-1 11 3.994 80 
111 3.805 87 
20 1 3.366 39 
02 1 2.796 30 
112 2.558 22 
-2 12 2.391 30 
-22 1 2.380 55 
22 1 2.298 88 
212 2.233 93 
-122 2.152 48 
400 2.132 28 
410 2.091 42 
-3 12 2.053 99 
As previously discussed, optical microscopy, in combination with EDX, indicates that the 
colour of the AlgFeNi phase becomes darker as the concentration of iron increases as shown in 
Figure 5.28 and Table 5.12 c). However, the different composition regions have been found to 
have the same crystal structure using EBSD point indexing, as shown in Figures 5.29-5.3 1. 
Figure 5.29 I)inFaction 
pattern in label 8 
Fhgure --5.28The colour of the AIqFeNi phase becomes 
darker as the concentration of iron increases 
Figure 5.31 Diffraction 
pattern in label 10 
Table 5.12 c) Compositions of the variety of colour in the A19FeNi phase shown in 5.28 
Label wt. % At. % 
8 6.60 3.91 
9 7.14 4.26 
10 8.14 4.86_ 
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A12Cu 
The EDX analysis in Table 5.13 a) confirms the composition of the phase with high A] and Cu 
contents; this corresponds to the EDX spectrum in Figure 5.33. The lCDD database contains 
three A12CU phases of tetragonal structure. The phase was automatically indexed as card 
number 25-0012 which was the best fit, indicating this to be correct solution, as shown in 
Figure 5.32. The crystal structural information is also given in Table 5.13 b). 
a) b) 
Figure 5.32 a) Observed and b) indexed diffraction pattern from the AI, Cu phase 
Table 5.13 a) Compositions of the AI, Cu phase 
Percentage of co ponent in hase 77ýý Mg Al Si Fe Ni Cu 
Observed (At. %) 1.86 70.69 1.01 0.44 0.31 25.69 
Observed (Wt. %) 1.24 52.17 0.78 0.68 0.49 44.65 
A12CU 
c 
1 10 a is 2 90 3.. . 1. ýa fiss 7 4.131 121 
Figure 5.33 EDX spectrum for AI, Cu 
Table 5.13 b) Crystallographic and diffraction data for the Al, Cu phase 
Crystal system Lattice parameter (A) Data source 
Tetragonal aý 6.0654, cý4.8732 ICDD 25-0012 
Tetragonal a= 6.0690, c=4.8760 Daykin [Day98] 
Tetragonal a= 6.0630, c=4.8720 Handbook [ViI85] 
110 
5 Microstructure Characterisation 
hkI (ICDD 25-0012) Interplanar spacing, d Intensity 
1 10 4.289 100 
200 3.033 35 
1 12 2.118 90 
3 10 1.918 70 
202 1.899 60 
402 1.287 21 
332 1.233 20 
422 1.185 70 
a-AlFeMnSi 
cc-AlFeMnSi is based on the cubic ternary phase (x-AlMnSi, however, Fe can substitute 
extensively with Mn, and is most often referred to as the quaternary (x-AlFeMnSi. Due to the 
absence of a-AlFeMnSi particles in multicomponent alloys (alloys 25-27) EBSD and EDX 
were carried out on model alloy 4, which contains a higher volume fraction of the phase, as 
predicted in Chapter 4. Automatic indexing found the card number 87-0528 (A14. OlMnSiO. 74) 
from the ICDD database to match the best, as shown in Figure 5.34. The composition is given 
in Table 5.14 a) and indicates the high concentrations of Mn, Si, and Fe elements. 
-i) b) 
Figure 5.34 a) Observed and b) indexed diffraction pattern from the cc-AlFeMnSi phase 
Table 5.14 a) Compositions of the ct-AlFeMnSi phase 
Percentage of co ponent in hase 
mg Al Si I Mn I Fe I Ni 
Observed (At. %) 1.70 68.06 16.10 11.37 2.72 0.06 
Observed (Wt. %) 1.33 59.05 14.54 20.08 4.88 0.12 
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Table 5.14 b) Crystallographic and diffraction data for the cc-AlFeMnSi phase 
Crystal system Lattice parameter Data source 
Cubic a= 12.643 ICDD 87-0528 
Cubic a= 12.578 Daykin [Day98] 
Cubic a= 12.680 Handbook [ViI85] 
hkI (ICDD 30-0007) Interplanar spacing, d Intensity 
013 3.998 27.9 
510 2.479 10.1 
530 2.168 52.7 
600 2.107 - 
235 2.051 41.6 
3 5-8 1.277 11.0 
A13Ni 
EBSD and EDX were carried out on model alloy 8 due to the presence of numerous AIN 
particles. The composition is given in Table 5.15 a) and indicates the high concentration of Ni. 
The AIN phase was indexed automatically as the orthorhombic-Al3Ni phase from the lCDD 
card numbers 65-2418 and 02-0416 which matched the best, as shown in Figure 5.35 since 
they have similar diffraction data and crystal structure with only a slight change in lattice 
parameters, as shown in Table 5.15 b). 
Table 5.15 a) Compositions of the AIN phase 
Percentage of co ponent in hase 
Mg Al Si Mn Fe Ni 
Observed (At. %) 2.05 76.46 1.66 0.13 0.34 19.10 
Observed (Wt. %) 1.50 62.07 1.40 0.21 0.57 33.74 
Table 5.15 b) Crystallographic and diffraction data for the AIN phase 
Crystal system Lattice p arameter (A) Data source 
Orthorhombic a= 6.611, b =7.366, c=4.811 ICDD 65-2418 
Orthorhombic a= 6.598, b =7.352, c= 4.802 ICDD 02-0416 
Orthorhombic a= 6.670, b =7.630, c= 5.010 Daykin [Day98] 
Orthorho a= 6.611, b=7.3 66, c= 4.81 1 Handbook [ViI85] 
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ICDD (65-2418) ICDD (02-0416) 
hkI d-spacing Intensity d-spacing Intensity 
01 1 4.028 158.0 4.020 20.0 
2 10 3.016 255.5 3.010 30.0 
201 2.724 26.0 2.719 15.0 
220 2.460 213.0 2.455 20.0 
002 2.405 162.0 2.401 20.0 
1 12 2.161 195.0 2.157 20.0 
131 2.076 224.8 2.072 25.0 
30 1 2.003 455.0 2.001 45.0 
230 1.971 349.5 1.967 35.0 
1 -2-2 1.927 162.5 1.923 - 
212 1.881 73.5 1.877 7.5 
040 1.842 - 1.838 50.0 
a) 
b) c) 
Figure 5.35 a) Observed and b) indexed diffraction patterns r 
ICDD 02-0416 in the Al-jNi phase 
f om ICDD 65-2418 and c) 
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High Mg phases (A-A15Cu2Mg8Si6 and Mg2Si) 
k-Al5CU2Mg8Si6 is a quaternary phase from the AlCuMgSi system. A typical chemical 
composition is given in Table 5.16, and can be seen to contain large quantities of Al, Si and 
Mg, with a substantial amount of Cu. However, high quality diffraction patterns could not be 
obtained from the A15CU2Mg8Si6 phase and hence could not be indexed convincingly from 
available structure files, as shown in Figure 5.36. Similarly, the M92SI phase also contains 
high Mg content, as given in Table 5.17 and no good diffraction patterns were obtained. It can 
be concluded that high Mg containing phases do not produce diffraction patterns of sufficient 
quality for robust indexing. This is because these phases are soft and hence easily damaged 
during preparation for EBSD. Additionally, the signal intensity of the backscattered electrons 
is also diminished for light elements. 
 "_; - 
V, w 
Figure 5.36 Diffraction pattern frorn the 
A15CU2Mg8S'6 phase 
'Fable 5.16 Typical compositions of the AlsCu, MeszSi, i)hase 
Mg A[ si Fe Ni Cu 
Wt% 28.38 21.85 33.54 0.16 0.39 15.68 
At% 34.06 23.63 34.84 0.08 0.19 7.20 
M92Si 
Si 
4 7. 
Figure 5.38 EDX spectrum for M92Si 
A15CU2Mg8Si6 
mg 
Figure 5.37 EDX spectrum for A15CU-IM98Si6 
Table 5.17 Typical compositions of the M92Si phase 
Mg Al si Fe Ni Cu 
Wt% 34.71 2.99 60.36 0.35 0.40 0.98 
At% 38.38 2.98 57.77 0.17 0.18 0.42 
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5.3.3 Phase Identification by a Combination ofEBSD and EDX 
Manual EBSD analysis was used to construct a database of the structure files used for phase 
analysis, as discussed in the last section. Automated scans were subsequently used to 
simultaneously collect EBSD and EDX data over large areas of the model alloys. An SEM 
image showing an example area of a scan in alloy 25 (after DSC tests) can be seen in Figure 
5.39 b). The red circle indicates an area possessing several different intermetallic phases 
which are visible in the optical micrographs in Figure 5.39 a). The more detailed micrograph 
at the top of Figure 5.39 a) shows that the colour of the AlgFeNi phase becomes darker as the 
concentration of iron increases, as previously discussed. 
Although EBSD provides useful crystallographic information which allows complex phases to 
be identified, in this particular case problems arise because Al and Si have a similar crystal 
structure as seen by EBSD (aluminum has a face-centered cubic atomic structure and silicon 
has the diamond cubic structure). This results in an ambiguous phase mapping when using 
crystallographic information alone, as shown in Figure 5.39 c) in which the discrimination 
between the Al and Si phases is not always correct. The phase differentiation process can be 
improved, however, by collecting chemical information from EDX analysis simultaneously 
with the crystallographic information from EBSD. 
Two combination methods have been developed in this research. In the early development 
stage, a computer program was written in-house using FORTRAN and was successfully used 
to combine the EBSD and EDX information. The chemical information is used to filter the 
possible crystallographic phases within the ICCD database. For example, the Al3Ni2 phase 
contains higher Cu and Ni EDX counts, as given in Table 5.18. These two elements are 
employed for setting a criterion of EDX counts for the FORTRAN program calculations. 
initially, the chemical analysis data from the EDX analysis were extracted and output to 
Microsoft Excel. This enabled extensive examination of the data and facilitated the 
determination of specific composition ranges with respect to the various elements in the 
complex intermetallic phases, utilizing the "MEAN" and "STDEV" commands within Excel 
to determine the mean and standard deviation respectively. These data were then used as a 
selection criterion for the FORTRAN program, which resulted in a refinement of the phase 
identification in the EBSD map. 
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As a result, Al (phase 1) and Si (phase 2) or even complex intermetallic phases were easily 
distinguished by using the in-house computer code, as attached in Appendix A. The new 
phase mapping is shown in Figure 5.39 d) and is consistent with the SEM image. The legend z: l 11) 
next to the map shows that five phases were identified; aluminum, silicon, AlgFeNi, AlCuNi 
and k(Al5CU2Mg8SI6) together with their fractions. The AlCuNi phase is so-called because the 
indexing was unable to differentiate between Al3Ni2 and A17Cu4Ni, identifying all the 
intermetallics as Al7Cu4Ni. From the phase analysis it is known that both phases are present, 
justifying the use of the generic AlCuNi label. The details for identifying the specific AlCuNi 
phase will be discussed further in Section 5.3.4. 
Table 5.18 Crystallographic and chemical information 
Crystallographic information Chemical information (EDX counts) 
No 91 (D 92 x Y IQ CI Phase Mg Al Si Mn Fe Ni CU 
1. 6.13 0.74 0.88 93.3 5.71 56.3 0 
3 54 835 1171 11 20 183 194 (AI, Ni2) 
2 2.86 0.66 1.18 119 0.52 55.7 0.28 
1 82 3760 47 15 9 11 32 . (Al) 
3 0,99 0.42 4.86 36.6 1.03 104 0 
2 45 93 3830 8 13 4 15 . (SO 
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, .1rý. ý x", ,,... f 
NO 
Figure 5.39 EBSD mapping of the scan area in a 
sample of alloy 25 after DSC tests a) Optical 
7 
/ 
-'... 
130.00 pm 50 steps 
microscopy b) SEM image c) Original phase map d) 
New phase map by FORTRAN program calculation 
M Aluminium 75.8% 
Silicon 9.2% 
AigFeNi 7.5% 
AlCuNi 5.6% 
A15CU2M98Si6 1.90/0 
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The SEM image in Figure 5.40 a) shows another example area of a scan from the as-received 
piston in Alloy 26 which was used to test the validity of in-house method. Figure 5.40 b) 
shows the image quality (IQ) map, which is derived from the quality of the EBSD patterns. 
The aluminium matrix appears dark, which is indicative of poor IQ and can be attributed to 
sample preparation. The quality of patterns from the matrix can be improved by ion beam 
thinning if necessary; this will be discussed in Section 5.5. The key elements for each phase, 
as given in Table 5.19, can be used to filter the possible crystallographic phases; chemistry 
therefore was limited within the in-hours FORTRAN program. The corresponding EDX maps 
are shown in Figure 5.41. The new phase map clearly identified all the phases, as shown in 
Figure 5.40 d) and indicated six phases; aluminium, silicon, A12Cu, A17CU4Ni, AlgFeNi and 
, %(Al5CU2Mg8Si6) with their calculated area 
fractions. However, this combination method still 
has a small problem arising from a few points within and around the intermetallic phases, 
which are still indistinct. This can be attributed to two main effects. Firstly, larger error bars 
can be seen in the as-received sample, which as discussed in Section 5.2.2, indicates that an 
inhomogeneous composition is occurring in the intermetallic phases. This leads to difficulties 
in setting the criteria for EDX counts in each phase for the FORTRAN program calculation. 
Secondly, due to small second phases present within the matrix microstructure, it is difficult to 
obtain sufficient quality in SEM images and diffraction patterns. 
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d) . - 
S.. 
Aluminium 76.7% 
Silicon 5.5% 
AlqFeNi 4.8% 
AlCuNi 7.3% 
A15CU2Mg8Si6 2.3% 
A12CU 2.6% 
Miss-indexed 0.8% 
Figure 5.40 Scan area from Alloy 26: a) SEM image, b) Image quality map, c) Initial phase map using only 
EBSD, d) Phase map obtained by FORTRAN program calculation and black points showing incorrectly indexed 
points 
Table 5.19 key elements in the each intermetallic phase 
Mg si Mn Fe Ni Cu 
A13Ni2 V 
A17CU4Ni v/ 
A12CU 
AlgFeNi 
k-Al5CU2Mg8Si6 
a-AlFeMnSi 
M92Si 
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Figure 5.41 EDX maps showing the same scan area as Figure 5.47 from alloy 26 for different elements 
In the later stage of this research, chemistry limits for each phase could also be set within the 
EBSD analysis software (OIM 4). A comparison has been made between utilising the in-house 
code and the chemistry limits set within the EBSD software, OIM 4. The corresponding EDX 
maps to the SEM image in Figures 5.39 b) and 5.42 a) are shown in Figure 5.43. The revised 
phase map, using both chemistry and crystallography is shown in Figure 5.42 c). The legend 
shows the six phases identified; aluminium, silicon, ?, (Al5CU2Mg8Si6), Al, )FeNi, a-AlFeMnSi, 
AlCuNi, and A12Cu and their calculated volume fractions. This combined technique therefore 
allows rapid phase quantification. Additionally, the EBSD phase map from OIM 4 software is 
very consistent with the results obtained from the FORTRAN program calculations, as shown 
in Figure 5.42 b). 
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/ 
I 
-- 
I 
a) 
4 
c) 
Figure 5.42 a) SEM image, b) EBSD phase niap by FORTRAN progran-4 and c) using the OIM 4 software 
Al 75.4% 
si 10.2% 
ý-AWU-IM98Si6 1.6% 
AlgFeNi 6.4% 
ct-AlFeMnSi 0.2% 
AlCuNi 5.8% 
AICu 0.3% 
b) 
Figure 5.43 EDX maps showing the area of the scan in alloy 25 for different elements 
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5.3.4 Phase ID by a Combination ofEBSD andEDX in the Al, Cu, Ni Phase 
A specific particle which appeared to consist of three discrete phases was examined in detail. 
The SEM image only shows one grain in this particle, as shown in Figure 5.44 a). However, 
the particle possessed three different contrast regions in the EBSD image quality map, as 
shown in Figure 5.44 b). EDX maps also illustrated that three discrete compositions appear in 
the particle with the intensity of the Ni element increasing from the right hand side to the left 
hand side, as shown in Figure 5.44 d). Therefore, it can be assumed that the particle may 
consist of the A13Ni2, A17Cu4Ni and A12CU phases based on the difference in their Ni contents. 
The original phase and orientation maps were only able to identify two phases in the particle, 
which are Al7Cu4Ni and A12Cu, respectively, as shown in Figures 5.45 a) and b). EBSD 
manual point indexing was also used to finiher understand the crystallographic information in 
these three different composition regions of the particle, as shown in Figures 5.46 a) - c). They 
illustrate that A12CU can be easily distinguished from the AlCuNi phases due to its different 
crystal structure; however, as mentioned earlier, it is difficult to distinguish between Al3Ni2 
and Al7Cu4Ni. Therefore, a combination of EBSD and EDX has been used to assist with phase 
differentiation in the particle. The new orientation and phase maps show three distinct phases, 
AIN2, Al7CU4Ni and A12CU, in the particle, as shown in Figures 5.46 c) and d). It can be 
concluded that the benefits of this combined analysis are that phases such as A13Ni2 and 
Al7CU4N4 which have a similar crystal structure and composition, can be better distinguished 
using these combined phase maps. Additionally, it should be noted that the different phases 
did show three different contrasts in the image quality map, related probably to the hardness 
of different phases as the sample was mechanically polished for EBSD analysis. It will be 
very interesting to know how the mechanical properties are correlated with composition and 
also what the phase morphologies are. These will be discussed in Chapter 6 and Section 5.7, 
respectively 
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t, It iiký& 
CI-47 01 
olim 
Figure 5.44 a) SEM image, b) Image quality, c) EDX maps of Cu and d) Ni in the particle 
A13Ni2 
- 
Phase Fraction 
Al, )FeNi 0.028 
A13Ni2 0.265 
A15CU2Mg8Si6 0.033 
A12CU 0.193 
A17CU4Ni 0.095 
Aluminium 0.385 
riexagonal 
a=4.036 A 
c=4.906A 
Figure i. 46 a) Dillijý: Iion 
pattem from the A13Ni2 phase 
, 
A17CU4Ni 
A12CU 
Tetragoý. -, 
a=6.065A 
c=4.873A 
Figure 5.46 c) 
Diffraction pattern 
from the A12Cu 
ingonal phase 
. -4.105 A 
ý39.97A 
Figure 5.46 b) Ai irýicii, )Ij 
pattem from the A]-('u4Ni 
Figure 5.45 a) 
Original Phase 
Map, b) Original 
Orientation Map, 
c) New Phase 
Map, and d) New 
Orientation Map 
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5.4 Original of Fatigue Crack Initiation by a Combination of EBSD and EDX 
Fatigue of the alloys 25 - 27 has been investigated by EBSD (this work is a result of 
collaboration with Southampton University). Figure 5.47 a) shows a large crack in alloy 25 
where the initiation site was at a debonded AlqFeNi particle. Figure 5.47 b) shows the EBSD 
phase map, which corresponds to the region around the initiation site. The crack path was 
found to be along the AlqFeNi particle, which was not fractured, and then through a cracked Si 
particle. However, a large Si particle not on the crack path did fracture; this is not thought to 
be due to the twin boundary in the particle and can be confirmed with the EBSD orientation 
map, as shown in Figure 5.47 c). 
'4 
Initiating particle 
si 
AlgFeNi 
A13(N', CU)2 
Al 
A15CU2Mg8Si6 
AlFeMnSi 
I- 
Twin boundary in Si particles 
Figure 5.47 An initiation site in alloy 25: a) optical 
micrograph of the initiation site, b) phase map of that site 
and c) inverse pole figure superimposed on the image 
quality map of the microstructure around the initiation site 
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Figure 5.48 a) shows a crack in alloy 26 and indicates that the initiating particle is again the 
AlqFeNi phase. Figure 5.48 b) also shows the EBSD phase map of this region. Two cracked 
AlqFeNi particles can be seen. The upper particle was a combination AlqFeNi and A13N12; 
however, it did not fail along the boundary between the phases. The lower particle was 
cracked in the AlqFeNi phase. 
a) 
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Figure 5.48 a) an optical micrograph of an initiation point in alloy 26 and b) the corresponding EBSD phase map. 
In alloy 27, the initiation site appears to be associated with large, dense regions of secondary 
phases, as shown in Figure 5.49 a). However, there is the particle pull out and deformation in 
this region; therefore, the EBSD phase map in Figure 5.49 b) cannot provide a clear image, 
but AlgFeNi and A13Ni2 were both identified in this region and the cracks were observed in the 
AlqFeNi phase. 
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Figure 5.49 An initiation site in alloy 27, a) optical micrograph and b) corresponding EBSD phase map 
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In alloys 25 and 26, the AlqFeNi plays a more influential role in fatigue crack initiation. This 
is due to the fact that the AlqFeNi phase is stiffer than Si, which can give a larger load transfer 
and combined with the lower hardness, may indicate lower strength. This may explain why 
fatigue cracks initiate preferentially at AlgFeNi. 
However, in alloy 27 fatigue initiation occurred much earlier than in the other alloys and was 
observed at large clusters of secondary phases. It is believed that the low Si content in this 
alloy results in clusters of intermetallics forming, which are associated with porosity due to 
reduced fluidity during solidification. The combined effects of porosity and the load transfer 
due to the dense regions of secondary phase particles makes these regions potent crack 
initiation sites. The details of mechanical properties of intermetallic phases and loading 
mechanisms of alloys will be further discussed in Chapters 6,7 and 9. 
5.5 EBSD Sample Preparation by Ion Beam Milling 
In EBSD, the diffraction pattern is formed from within the first few nanometers of the 
specimen surface. Therefore, in order to obtain good pattern qualities it is of the utmost 
importance that these first few atomic layers are in pristine, crystalline form. 
The final preparation step is critical for EBSD and normally consists of mechanically 
polishing the specimen to high quality finish, typically better than 0.05 micron. In 
conventional final polishing the best all-purpose method for EBSD is colloidal silica. 
However, colloidal silica is an alkaline medium, pH 8-11, which makes it unsuitable for 
certain materials which are reactive in alkali media, such as aluminum or magnesium [Ran03]. 
In this case, it may cause a hydroxide to form on the surface of aluminum matrix, thereby 
resulting in the inferior image quality, as shown in Figure 5.50 a). For soft materials such as 
aluminum or magnesium, even the final few steps can induce local lattice distortion near the 
specimen surface, destroying the EBSD pattern quality. This is presumably why high Mg 
containing phases, Mg2Si and A15CU2Mg8Si6, do not appear to give good diffraction patterns. 
Another possibility is that the low atomic number of Mg results in a lower yield of 
backscattered electrons. 
An alternative preparation technique using ion milling was also used instead of conventional 
polishing. Ion milling is a process applied to a sample under vacuum in which a selected area 
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of the surface is bombarded by an energetic beam of ions, removing just the few damaged 
surface layers. The samples prepared for ion milling were machined into disks (4 mm in 
diameter x 0.5 mm thickness) and polished up to IýLm (this is similar to TEM sample 
preparation). Ion milling was carried out with Af' ions, using the following conditions: 1h at 
a voltage of 5 kV and gun tilt angle of 4% This method can make the surface of the specimen 
sufficiently flat to allow detection of different patterns, thereby providing the good image 
quality necessary for the phase mapping. Compared with conventional polishing in Figure 
5.50 a) in alloy 26 the aluminum matrix possesses superior image qualities, as shown in 
Figure 5.51 a) and 5.52 a), and orientation maps, as shown in Figure 5.51 b) and 5.52 b) in 
alloy 26. However, the main difficulty of the ion milling method is the optimization of 
parameters; e. g. time, voltage and angle. This is because, in multiphase materials, the removal 
rates may vary considerably between the constituent phases which leads to surface topography, 
which makes shadows form in the diffraction patterns as the large title angle of 700 is used in 
the EBSD, particularly in small intermetaillc phases. Another disadvantage in the ion milling 
method is that it is difficult to prepare the samples and time consuming. 
It is concluded that ion milling has been found to be an effective method for preparing the Al- 
Si samples for EBSD point analysis and EBSD orientation mapping, with good image quality 
in the aluminum matrix and clear orientation maps easily obtained. Conventional polishing, 
however, is still an effective method for preparing samples for quick analyses, and still results 
in a good pattern quality from the harder intermetallic phases. 
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Aluminium 
Matrix 
a) 
5.50 a) Image quality and b) orientation map by using a conventionally polished sample in alloy 26 
b) C) d) 
7 
- S. 4 
A% 
7*W 
'All 
Figure 5.51 a) Image quality, b) orientation map, c) original phase map, d) phase 
map using EBSD and EDX on a sample of alloy 26 prepared by ion beam milling 
Phase Fraction 
AlICU2MggSi6 0.009 
AI, Cu4Ni 0.022 
M A13Ti 0.003 
A12Cu 0 010 . AlgFeNi 0.028 
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c) d) 
Phase Fraction 
A13Ti 0.002 
Al7CU4Ni 0.019 
AlgFeNi 0.038 
A12CU 0.030 
Silicon 0.134 
Alurninium 0.507 
Figure 5.52 a) Image quality, b) orientation inap, c) on-ginal ptiasc inap, d) phasc niap 
using EBSD and EDX by using ion beam milling in alloy 26 
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5.6 Comparison of Observed Phases and Equilibrium Predictions 
In this work, experimental observations of the piston alloys (25,26 and 27) were carried out 
and compared with equilibrium calculations, in order to determine any major differences 
between the equilibrium predictions and observed phases in the equilibrium samples (after 
DSC test). The combination of EDX and EBSD were used for phase identification. Figures 
5.53 to 5.55 show the log fraction of intermetallic phases predicted by equilibrium 
calculations at 300'C with(& and 0 markers indicating that the phase was observed in either 
bulk or trace amounts, respectively, in the alloys. Therefore, in addition to the FCC Al matrix 
and the silicon phase calculated to form the highest mass fractions in all the model alloys, 
several intermetallic phases were also predicted and observed. 
Seven intennetallic phases were observed in alloy 25 after DSC tests, as shown in Figure 5.53. 
A13NI2, AlgFeNi, Al7CU4Ni and k-Al5CU2Mg8Si6 have been seen in bulk quantities and were 
predicted to form higher mass fractions of intermetallic phases by the equilibrium simulation. 
However, three phases; a -AlFeMnSi, M92Si and A12CU, were seen in trace amounts in this 
alloy. Only a -AlFeMnSi was predicted to form (- 0.25 wt. %) in the equilibrium simulation. 
A13Ti was not observed in alloy 25, and was only predicted in very small amounts (0.17 wt. %) 
by the equilibrium calculation. 
10 
0.1 
A13Ni2 AI9FeNi A A17CU4Ni a A13Ti M92Si A12CU 
Figure 5.53 Equilibrium predictions and observed phases for alloy 25 
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Six intermetallic phases were observed in model alloy 26, as shown in Figure 5.54. A13Ni2 and 
AlgFeNi were seen in bulk throughout the microstructure, corresponding with the equilibrium 
calculation, which predicted Al3Ni2 and AlgFeNi to from in a higher mass fraction. On the 
other hand, four phases; k-Al5CU2Mg8Si6, A17Cu4Ni, a-AlFeMnSi and AIN were seen in 
trace amounts. Of these, only the k phase was predicted to be present in a higher mass fraction 
(1.92 wt. %) in the equilibrium simulation than was observed in the alloy. The a phase was 
predicted only in small amounts by the equilibrium calculation. Additionally, the A17CU4Ni 
and AIN phases were not predicted to form at all in this alloy by the equilibrium simulation. 
10 
0.1 
Figure 5.54 Equilibrium predictions and observed phases for alloy 26 
Seven intermetallic phases were observed in alloy 27, as shown in Figure 5.55. Al3Ni2 and 
AlgFeNi and AIN were seen in bulk quantities throughout the microstructure and only Al3Ni2 
and AlgFeNi were predicted by the equilibrium calculation to forrn at a higher mass fraction of 
the intermetallic phases. The AIN phase is not predicted to form in the thermodynamic 
equilibrium simulation shown in Figures 5.54 and 5.55, however, it was predicted only in 
large amounts by the Scheil calculation, as shown in Figure 4.6. The AIN phase is modelled 
as non-stoichiometric with a limited solubility of Cu, Fe, and Si at higher temperatures. 
However, the AIN phase was observed but not predicted in these alloys. It is possible that 
during non-equilibrium solidification, the local composition has changed sufficiently to 
promote its formation. This could explain why a range of compositions between AIN and 
AlgFeNi exist, as AlgFeNi is forined preferentially at high temperatures, but as the temperature 
decreases and the local solute concentration changes, and AIN becomes stable. On the other 
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hand, four intermetallic phases; k-Al5CU2Mg8Si6, A17Cu4Ni, (X-AlFeMnSi and Mg Si, can be ý2 
seen in small amounts in the microstructure. However, the ), phase was predicted by the 
equilibrium simulation to form at higher phase fraction at around 2%. The A17CU4Ni phase 
was not predicted in the equilibrium calculation. The equilibrium simulation predicted M92Si 
to form a lower mass fraction. Additionally, the a-AlFeMnSi phase was predicted in trace 
amounts by the equilibrium calculation. 
10 
0.1 
0.01 
Figure 5.55 Equilibrium predictions and observed phases for alloy 27 
In general, the observed phases in equilibrium samples are in reasonable agreement with 
equilibrium calculations although there are some minor differences for predicted and observed 
phases at lower mass fractions. This is not surprising because most of intermetallic phases 
(AIN2, AlgFeNi, A17Cu4Ni, AIN and a-AlFeMnSi) are non-stoichiometric phases, which 
have a range of chemical compositions and therefore there may be slight differences between 
the predicted and observed phases, particularly as a result of the non-equilibrium processes 
occurring during solidification. Thus, it can be concluded that phases predicted by equilibrium 
calculations were considered to be representative of the castings in equilibrium. 
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5.7 Morphologies of Intermetallics by 3D X-ray Tomography 
Intermetallic particles with very complex shapes have been observed in these cast alloys that 
can be strongly influenced by composition and heat treatment. Various morphologies may be 
responsible for inferior mechanical properties due to different types of the stress concentration 
and growth mechanisms. To date, microstructure characterisation has been performed only in 
2D, particularly using a combined EBSD/EDX method, which was used to identify the 
complex intermetallic phases that form. However, the three dimensional morphology of 
intermetallic phases has not been taken into account. Conventionally, the microstructure 
characterisation is limited to 2D using an optical microscope or a scanning electron 
microscope. It is always difficult to observe the complex intermetallic morphologies and 
solidification defects (porosity or shrinkage). In previous work, serial sectioning has been 
used to investigate 3D morphology of phases or microporosity in different materials [Li98, 
Gha. 04, Alk0l, Men03, YuOO, Yu99, NirOO, Kra99] or in Al-Si alloys [Din05, Gho63, AlkOl- 
1, Dig99, Din05-1], however, this is a very time consuming procedure. X-ray tomography, 
which has been applied in the present work, is a powerful technique which uses X-ray images 
to reconstruct the internal microstructure of objects. Model alloys 4,8 and 10, were mainly 
used for this study because each was dominated by a particular phase of interest. Only the 
main intermetallic phases have been considered in these alloys to simplify 3D X-ray 
tomography observations. It should be noted that the limited resolution of the tomography 
system used (-6 ýtm) meant that the particles needed to be much larger than in the as-cast 
piston alloys. High temperature heat treatments were therefore used to grow the intermetallics 
such that they could be imaged using the technique, as described in Section 3.2.2. The 
morphologies of the individual phases in general are similar to those in the as-cast alloys, 
although they are much larger. The 3D characterisation and clustering behaviour of 
intermetallics have been observed in detail, and are discussed in the following sections. 
S. 7.1 a-A IFeMnSi 
The amounts of iron and manganese play important roles in determining the mechanical 
properties and the modification of crystal morphology. Iron can replace large amounts of 
manganese without change of crystal structure in most of the manganese-rich phases formed 
in aluminum alloys [Sha. 04]. Iron is usually deemed a harmful element, because when present 
in AI-Si alloys it forms brittle AlFeSi intermetallic compounds which appear as needles or 
plates in the microstructure, resulting in inferior mechanical properties [Sha04, Bon43, Cou8 1, 
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Cre95-1]. Mn is therefore widely used as an alloy addition to neutralize the effect of iron and 
reduce embittlement [Sha04]. Model alloy 4 contains a high concentration of Mn, and forms 
mainly the a-AlFeMnSi intermetallic phase, as shown in the SEM image in Figure 5.56. The 
cc-AlFeMnSi phase was observed to have a polyhedral morphology. The phase composition 
was also determined through EDX analysis, as given in Table 5.20. As expected, the P-AlFeSi 
phase was not observed in alloy 4 due to effects of the slow cooling rate and the high 
manganese content. This observation is in good agreement with previous work, which 
indicated that the formation of the (x-AlFeMnSi phase can be suppressed by increasing cooling 
rates and using lower manganese contents [Mon76]. 
Table 5.20 Measured compositions using EDX of the cc-AlFeMnSi 
phase (at. %) 
Al Si Mn Fe 
AlFeMnSi 69.3 13.2 14.4 3.2 
Figure 5.57 shows 3D X-ray tomography of the a-AlFeMnSi phase, indicating very large 
cuboidal grains clustering together, which corresponds to the 2D SEM image, as shown in 
Figure 5.56. The large size of the a-AlFeMnSi particles can be attributed to the low solubility 
of manganese in Al matrix and the long ageing time at high temperature. In previous work 
[Sha94], it was found that the number of particles of each phase decreases, and the size of 
particles of each phase increases with decreasing cooling rate. The morphology and volume 
fraction of intermetallics depend on the cooling rate [Sha94]. However, no literature appears 
to exist that interprets the cuboidal morphology of a-AlFeMnSi, but it could be correlated to 
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Figure 5.56 An SEM micrograph showing the large a-AlFeMnSi phases 
formed in alloy 4. 
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its cubic crystal structure. Some important factors may also need to be taken into account. The 
first consideration is the removal of latent heat of fusion from the solid-liquid interface 
because this dominates the growth mechanism and final structures [Ask96]. The second 
concern is the effect of high chemical potential of the elements in the phase. It is reasonable to 
assume that the chemical potential of Mn in the a-AlFeMnSi phase is higher since the driving 
force for Mn atoms to diffuse is higher. Consequently, the large cubolds of a-AlFeMnSi may 
be formed. This implies that Mn plays an important role on the growth morphology of the 
phase. In the previous work [Sha94], it was also found that the addition of Mn can modify the 
platelet morphology to a more globular shape. A long ageing time at high temperature can 
forin the polyhedral morphology and it may grow very large and can extend up to several 
millimetres in length at high iron and manganese contents [Sha94]. Shabesta et al. also 
reported that the size of intermetallics as well as the number of particles increases with 
manganese or iron in Al-Si alloys [Sha95]. The a-AlFeMnSi phase, which is rich in 
manganese and iron, may cause gravity segregation in the melt since their density is higher 
than that of liquid aluminum [Sha95]. Additionally, the tomography slice also illustrates that 
cracks occurred in the a-AlFeMnSi particle, as shown in Figure 5.58, which may be attributed 
to sample machining or the thennal expansion misfit during the cooling. This will be Z: - 
discussed further in Chapters 6-8. 
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Figure 5.57 X-ray tomography image showing the 31) morphology of the (x-AlFeMnSi phase 
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Figure 5.58 Tomography slice showing cracks in the ct-AlFeMnSi phases. 
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5.7.2 A12Cu and A17CU2Fe 
Copper is mainly added to Al-Si alloys to increase strength due to its high solubility in the Al 
matrix; the improved mechanical properties can be achieved by heat treatment at low 
temperature or through the formation of compounds with iron, manganese, nickel, etc. at high 
temperature [Mon76]. In model alloy 10, which contains a high concentration of Cu, no other 
impurity elements at concentration > 0.1 wt. % are recorded apart from iron. Consequently, 
two intermetallic phases (major A12Cu and minor A17CU2Fe) were observed in the 
microstructure, as shown in Figure 5.59. The A12CU phase was observed to take a lacy 
morphology which varies between fine and coarse. The minor A17CU2Fe phase was observed 
to form as long thin plates, which may be considered undesirable in commercial piston alloys. 
Their compositions are given in Table 5.21 and correspond well to their chemical formula. 
Table 5.21 Measured compositions using EDX of the two intermetallics in 
alloy 10 (at. %) 
Al Fe CU 
A12CU 67.5 32.3 
A17CU2Fe 69.2 9.3 21.5 
137 
Figure 5.59 An SEM image showing the Al, -Cu and 
A17CU2Fe phases 
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Figure 5.60 shows a reconstructed 3D image of the cluster A12CU particles together with the 
Al7CU2Fe particles. The A12CU clusters were very irregular in shape and can be distinguished 
from the Al7CU2Fe phase, which appears as long thin rods. It may be assumed that due to the 
Al7CU2Fe phase forming at high temperature, the boundary of the phase can provide 
nucleation sites for formation of A12CU phases at lower temperature. A small area of clustered 
A12CU particles can also be seen in Figure 5.61. These observations imply that the presence of 
Fe has an important influence on the transition of the growth morphology in the phases. 
Additionally, the size of A12Cu appears much smaller than that of (X-AlFeMnSi, which can be 
attributed to the higher solubility of Cu in the Al matrix and also the fact that more than two 
intermetallic phases have formed. 
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Figure 5.60 X-ray tomography image showing the 3D morphology of the AI, Cu . tl Cý tl - 
and A17Cu, Fe phases 
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Figure 5.61 X-ray tomography image showing the 3D morphology of the clustering A12Cu particles 
5.7.3 AlgFeNi and A13Ni 
I Model alloy 8 contains a high concentration of N1, which is mainly added to Al-Si alloys to 
increase strength at high temperature since Ni has low solubility in the Al matrix, 
approximately 0.05 wt. % Ni at the eutectic temperature, [Mon761 and therefore a high volume 
fraction of Ni-rich intermetallic compounds form. Indeed, during SEM examination, two 
major inten-netallic phases (AlgFeNi and AIN) were observed in alloy 8, and a slight 
difference in contrast exists between them, as shown in Figure 5.62. AlqFeNi has been 
observed to take a variety of morphologies depending on the nickel content. When the Ni 
content increases, the morphologies change from thick plates to large "lakes", as shown in 
Figures 5.63 (A and B areas) and the compositions given in Table 5.23. In relation to alloy 
design, the "lake" structure is considered preferable [Day9g]. 
On the other hand, the Al3Ni phase is seen to take a fine Chinese script-like morphology, 
which is very similar to that of the AlqFeNi phase with high Ni content and also much smaller 
than the AlqFeNi phase. From this observation, it seems reasonable to assume that the high Ni 
content prefers to form a script-like morphology in these two phases. This is probably due to 
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the effects of atomic diffusion and segregation. The increase of diffusion of Ni with 
temperature is slow [Mon76], and the solubility of Ni in solid Al is low, so Ni will partition 
strongly to the melt in front of the growing interface and affect the growth morphology of the 4D 
intermetallics. This implies that Ni plays an important role in the growth morphology of the 
particles. 
Table 5.22 Compositions of the major phases in alloy 8 (at. %) 
Al Fe Ni 
Al, )FeNi 77.4 4.2 13.4 
A13Ni 74.1 - 25.1 
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Figure 5.62 An SEM image showing the AlqFeNi and AIN phases 
Figure 5.63 An SEM image showing the different morphologies in Al, )FeNi phases 
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Table 5.23 Compositions of different morphologies in the AlgFeNi phases 
(at. %) Al Fe Ni 
A- Thick plates 77.0 7.6 11.8 
B- Large lakes 73.1 7.3 16.8 
Figure 5.64 shows a 3D microstructure of the AlqFeNi particles clustering with the AIN 
particles. This implies that these phases are growing on each other and commonly occur in 
this alloy. These two intermetallics are very difficult to distinguish by their morphologies 
from the X-ray tomography image. However, Figure 5.65 shows a 3D section of the sample in 
alloy 8 and demonstrates the Al and Si removed out and the intermetallics in the green and 
yellow, which correspond to the Ni concentration difference. The phase containing higher Ni 
has a higher average atomic number, which result in a contrast between the AlqFeNi (green) 
and AIN (yellow) phases. From this observation, it is reasonable to assume that the AlqFeNi 
phase forms at an early stage of solidification and therefore AIN could nucleate at the 
boundary. The growth mechanism of the phases is complicated, but the phases' can be 
completely identified in such complex regions by a combination of EBSD and EDX. Figure 
5.66 a) shows an SEM image indicating the two different phases growing together. The phases 
were discriminated, as shown in Figure 5.66 b), and show the AlqFeNi and AIN phases are in 
the red and yellow colour, which correspond to the contrast of the SEM image. Figure 5.66 c) 
also shows the EDX derived Ni distribution map, which corresponds to the two different 
phases since Ni is a crucial element in the phases, which has been used to chemically limit the 
EBSD phase mapping. Figure 5.67 also shows phase identification in the same scan area as 
Figure 5.62 by using EBSD and EDX where the two phases can be identified by their different 
crystal structure and Ni content. 
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Figure 5.64 X-ray 
tomography image showing 
tile 3D morphology of the 
,, %I, )FeNi particles connected 
NýIth Al-, Ni particles 
Figure 5.65 X-ray 
: omography image showing 
Aie 3D morphology of the 
. arge AlqFeN particles (greer 
. -olour) connected with small 
\1-,, Ni particles (yellow 
colour) 
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b) 
AlqFeNi 
Al qiatrix 
Figure 5.66 The Al, )FeNi and AIN phases identified by a combination of EBSD and EDX a) An SEM 
image b) EBSD phase map c) EDX map of Ni 
IL Al matrix 
Figure 5.67 The same scan area as Figure 5.62 showing the AlqFeNi and AIN phases identified by a 
combination of EBSD and EDX a) An SEM image b) EBSD phase map c) EDX map of Ni 
5.7.4 A13M2 and A17CU4Ni 
Alloy 25 is a multicomponent Al-Si alloy and contains around 3 wt% Cu and Ni, and other 
additions (Mg, Mn and Fe). Nickel and copper are mainly added to Al-Si alloys to improve 
high temperature strength and increase fatigue life. The AICuNi phases (Al3Ni- and A17C Ni) U4 
are the main interinetallic phases formed in alloy 25, as shown in Figure 5.68. The 
composition of the phases is given in Table 5.24. The AlqFeNi and ý-AWU2M98SI6 phases 
were also observed due to the presence of additional elements (>0.5 wt. %). AIN, is also 
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it can contain. The higher copper referred to as A13(Cu, Ni)2 due to the large amount of copper II "I 
AlCuNi phase, referred to A17Cu4Ni, has a range of existence, with a structure that varies with 
composition [Mon76]. 
Figure 5.68 An SEM micrograph showing many different intermetallic phases in alloy 25 
Table 5.24 Compositions of the AlCuNi phases in alloy 25 
(at. %) Al cu Ni 
A13Ni2 59.6 20.1 20.3 
A17CU4Ni 67 23.5 9.5 
A17Cu4Ni possesses a long range ordered structure with a varied stacking sequence that can be 
represented as a superlattice of a rhombohedral structure. The morphology of the A13N12 and 
Al7Cu4Ni phases are very similar and appear as long thick plates. In previous work, it was 
found that a coarse script morphology could be formed depending on composition [Edw02]. 
The morphology vaned slightly with composition; high Cu: Ni ratios taking on a 'lakey', 
globule like appearance, whilst phases with a low Cu: Ni ratios are found to appear more linear 
in shape [Edw02]. Figure 5.69 a) shows the 3D reconstructed image of alloy 25, indicating the 
contrast difference between the Al-Si and intermetallics. The larger AlCuNi phases were 
extracted in order to observe their 3D morphologies. Figure 5.69 b) shows that the extracted 
AlCuNi phases grow together and connect with other intermetallic phases. From this 
observation, it seems reasonable to assume that since the AlCuNi phases form in the early 
stage of solidification, the Ni and Cu are rich around the AlCuNi particles and provide 
nucleation sites for intermetallic compounds. One particle of interest has been investigated, as 
shown in Figure 5.70 a). However, the particle shows different contrast regions from the EDX 
map of the Ni element, as shown in Figure 5.70 b). Therefore, a combination of EBSD and 
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EDX has been used in order for phase differentiation in the particle. The phase maps show 
two distinct phases, Al3Ni2 and A17Cu4Ni, in the particle, as shown in Figure 5.70 c). From 
this observation, it seems reasonable to assume that Ni and Cu play an important role on phase 
transition in the AlCuNi phases. 
Figure 5.69 X-ray tomography image showing a) the 3D reconstructed image of alloy 
25 and b) the extracted AlCuNi particles connected with other intermetallic particles 
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5.8 Summary 
optical microscopy shows that long heat treatments make systems more homogenous and 
contain more precipitates. Therefore, these results explain why the error bars of the main 
components in each phase become narrower compared with short heat treatments and as 
received samples. In addition, due to very slow cooling in the DSC, the fraction of elements 
within each phase is very consistent with the results of thermodynamic calculations. 
Additionally, optical microscopy, in combination with EDX, indicates that the colour of the 
AlqFeNi phase becomes darker as the concentration of iron increases, althouah the different 
composition regions have been found to have the same crystal structure using point 
measurements of EBSD. 
It has been demonstrated that the combination of EDX and EBSD is a powerful too] for the 
identification of complex inten-netallic compounds (e. g. A17Cu4Ni, AlqFeNi and 
A15CU2Mg8Si6)- In this case, the chemical information can be used to filter the possible 
crystallographic phases in the database to obtain a superior phase mapping. Benefits are that 
phases such as A13N12 and A17Cu4Ni, which have both a similar crystal structure and 
composition, can be better distinguished. Additionally, ion milling has been shown to be I 
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Figure 5.70 One AlCuNi particle of interest showing in 
a) the SEM image, b) the EDX map of Ni and c) the 
EBSD phase map. 
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effective method for preparing samples for EBSD point analysis and orientation mapping, if 
the parameters can be optimized, and allows clearer identification of the softer Al matrix. 
In fatigue analysis, a higher proportion of stiffer secondary phases is believed to offer 
improvements in fatigue resistance due to load transfer effects reducing particle cracking and 
particle/matrix debonding. In alloys 25 and 26, the AlgFeNi play a more influential role in 
fatigue crack initiation. However, in alloy 27, due to the low Si content the clusters of 
intermetallics can form and are associated with porosity. 
X-ray tomography has been used to generate 3D images for the observation of intermetallics 
(e. g. a-AlFeMnSi, A12Cu, Al7Cu2Fe, AIN, AlgFeNi, and AlCuNi). It was found that the a- 
AlFeMnSi phase forms large particles with a cuboidal morphology. The A12Cu and Al7CU2Fe 
phases grow together and can be distinguished by their morphology. The AlgFeNi and AIN 
phase are clustered around each other and exhibit a Chinese-script morphology. The AlCuNi 
phases have a long thick plate morphology and were connected with other intermetallics. In 
summary, a variety of experimental techniques have been used in this chapter to better 
understand the crystal structure, chemistry and morphologies of the various intermetallic 
phases which can form in multicomponent Al-Si alloys. 
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CHAPTER 6 
MECHANICAL PROPERTIES OF INTERMETALLICS 
6.1 Introduction 
Depth sensing indentation (DSI) is commonly referred to as nanoindentation since the 
technique usually operates in the sub-micron depth range with nanometer resolution [ZheO5, 
Gan97, Asi98, Gra98]. Nanoindentation is an important technique for probing the mechanical 
behaviour of materials at small length scales via continuously recording the force applied and 
the corresponding displacement during an indentation, from which the two important 
properties, hardness and elastic modulus, can be obtained [Hay02, Oli92]. 
Nanoindentation has the unique capability to independently extract the local mechanical 
properties of individual constituents or particles in multiphase systems. Therefore, in this 
chapter, the nanoindentation technique has been used to measure the hardness and reduced 
modulus of the following intermetallic phases: Al, Si, CuA12. Al3Ni2, A17CU4Ni,, A19FeNi. a- 
AlFeMnSi and X-Al5Cu2Mg8Si6 in the multicomponent alloy 25. In addition, an investigation 
has been carried out to determine whether the mechanical properties of individual 
intermetallic phase are affected by changes in their chemical composition. 
6.2 Characteristics of Load-disPlacement Curves 
Figures 6.1-6.3 present the typical load-displacement curves for Al, Si and intermetallic 
phases for indentations made to peak loads of 20 mN at room temperature. The differences in 
hardness of the materials are apparent from the large differences in the peak depth. 
6.2.1 Aluminium 
The softest phase is aluminium, with a peak depth of - 900 run, as shown in Figure 6.1. The 
indenter displacement in the Al is accommodated plastically, and only a small portion is 
elastically recovered on unloading. Discontinuity in load displacement, which is known as a 
'pop-in' effect, was observed frequently in aluminium, indicating a process of producing 
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mobile dislocations. It can be described that the initial pop-in is associated with homogeneous 
dislocation nucleation, while subsequent similar events often involve avalanches of 
dislocation activity [Lun04]. The first pop-in effect is important because the initial loading is 
elastic and is followed by a rapid onset of plastic deformation, which marks a sharp transition 
from pure elastic loading to a plastic deformation of the specimen surface, and thus this 
corresponds to an initial yield point [Gok0l]. In this study, it is believed that the aluminum 
matrix in Al-Si cast alloys has some solubility for additional elements which interact with the 
dislocation activity, leading to a plastic instability in unloading curve. Some researchers have 
[McC72, Van80, Gub04, ChiOO] also reported that this phenomenon can also be contributed 
to the Portevin-Le Chatelier (PLC) effect [Pen72] which is flow stress discontinuities due to a 
negative strain rate sensitivity caused by interaction between dislocation and mobile solute 
atoms, which often occur in solid solution Al-Mg alloys. Additionally, the effect of loading 
rates can be attributed for the plastic instability [Chi04]. 
However, the initial pop-in was not obvious in the loading curve of Al in this study. This can 
be ascribed to two factors. First, for soft materials with high ductility, pop-in behaviour was 
rather unexpected, since it shows plasticity at a lower load level. Generally, for aluminium the 
first pop-in is seen only at the initial portion of the loading curves below approximately 0.1 
n-jN [Ohm0l]. Second, the pop-in is suppressed in many cases if the surfaces were prepared 
by mechanical polishing [Gok0l), which leads to higher surface roughness. Goken et al. 
[Gok0l] suggested that elecropolishing, chemical etching or thermal etching could be used as 
suitable preparation methods to observe the pop-in phenomena. In most cases the origin of 
pop-ins is interpreted in terms of dislocation nucleation. However, in some cases, oxide layer 
fracture can give rise to a similar effect [Ven93]. Decoliesion along the coating-subtract 
interface could also be one of the causes of pop-in behaviour [Kni92]. Additionally, phase 
transformations could be an important cause to generate pop-in for example on 
transformation-induced plasticity (TRIP) steels, where an austenite to martensite 
transformation occurs during loading [Fur0l]. 
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6.2.2 Silicon 
In comparison with the peak depth in aluminum of - 900 run, the hardest phase, silicon, was 
only penetrated to a depth of - 300 mn, as shown in Figure 6.3. It also shows a very high 
degree of elastic recovery during unloading ((h,,,,., +hýrn,, j)1h .... .)- 57%)). A sudden 
displacement discontinuity ("pop-out") or an "elbow" behaviour in the unloading curve was 
observed in the silicon particles, as shown in Figures 6.4 and 6.3, respectively. Gogotsi and 
co-workers [Dom02, GogOO, DomOO, Jul03] proposed that the "pop-out" and elbow 
behaviours correspond to the formation of metastable Si-XII/Si-III crystalline phases. High 
stresses can cause plastic deformation not only by dislocation activity, but also by pressure- 
induced phase transfonnations to denser crystalline and amorphous forms [Ge04-1, Sch03, 
Gil 92, Dom0l]. The transformation mechanisms are dependent on the indentation testing 
conditions e. g., peak load and loading/unloading rate [Dom02] or indenter angle [Jan05]. It 
should be noted that the phase transformation of Si can lead to a change in the unloading 
curve, the "pop-out" or elbow phenomenon, which results in a lower contact depth, h,, and 
therefore influences the calculation of hardness. Therefore, the experimental measurement of 
the hardness of Si will be slightly higher than that of the real values. 
6. Z3 Intermetallic Phases 
Figure 6.2 presents the typical load-displacement curves for the intermetallic phases at room 
temperature, which show elastic-plastic materials response. The curves have a very similar 
shape and vary mainly in the final indentation depth reflecting the resistance against the 
penetration of the testing materials. The different phases are classified by the penetration 
depth. As discussed earlier, there is the maximum indentation depth at peak load and the final 
indentation depth after unloading. Indeed, the maximum penetration depth, under the same 
maximum load of 20 mN is different for each phase, and varies between 292 mn and 396 mn. 
The final indentation depth after elastic recovery also changes for the different intermetallic 
phases and varies between 127 rim for Si and 274 mn for A12Cu. The curves reflect a high 
degree of elastic recovery during unloading, which are 40.4% for a-AlFeMnSi and 30.8 % for 
A12Cu. The elastic response of Si is the largest at 57.5 %. 
The important depth for the calculation of the hardness and the indentation modulus is the 
contact depth h, which is roughly approximated by (h, ax+hf,. 1)12, but can be calculated more 
accurately using the software provided with the NanoTest device. To a first approximation, 
we can find from Figure 6.2 that the curve sequence of the intermetallic phases starts with the 
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a-AlFeMnSi phase which is the hardest one, and then AIN2, A17CU4Ni, AlgFeNi, %- 
A15CU2Mg8Si6 to the A12CU phase, which is the softest. The slightly larger elastic recovery of 
the a-AlFeMnSi phase also reflects its high hardness. It can be hypothestized that a- 
AlFeMnSi is inherently brittle and is susceptible to cracking. On the other hand, the softest 
intermetallic phase is the A12CU, which deforms more for a given load, is accommodated 
plastically and has a slightly lower slope in the unloading curve. Thus, it has the lower 
hardness, lowest indentation modulus and is more ductile than the other intermetallic phases. 
The AIN2, A17Cu4Ni, AlqFeNi and A15CU2Mg8Si6 phases are found to be inbetween the a- 
AlFeMnSi and A12CU phases and they show varying degrees of elastic recovery during 
unloading. Evidently, the Al3Ni2 and Al7Cu4Ni phases exhibit a higher hardness due to the 
smaller residual indentation depths. However, the unloading curve of Si is very different from 
those obtained from the intermetallic phases due to the phase transformation of silicon. The 
obtained contact depth is smallest indicating that silicon is the hardest phase considered in the 
investigations presented in this study. 
it should be noted that all load-displacement curves show arbitrary discontinuities especially 
in the loading curves. It is very unlikely that these features are attributable to a special 
material property, for example in the case of Si, in which the response due to the penetration 
procedure such as dislocation events, but are rather a consequence of machine vibration and 
feedback loop procedures used during the nanoindentation tests. 
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Figure 6.2 Typical load-displacement curves for the intermetallic phases and Si 
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Figure 6.4 The -pop-out" phenomena was observed in the unloading curve of some silicon particles 
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6.3 Indentation in Different Particles and Phases at Room Temperature 
6.3.1 A13M2, AK44M andAI2Cu Phases 
An example of one particle of interest that was investigated is shown in Figure 6.5 a). The 
particle shows that there are three different regions in the EBSD image quality map and the 
EDX map of the Ni element, as shown in Figures 6.5 b) and d), respectively. As discussed in 
Section 5.3.4, a combination of EBSD and EDX has been used for phase differentiation in the 
particle. The orientation and phase maps show three distinct phases, AIN2, A17Cu4Ni and 
A12CU in the particle, as shown in Figures 6.5 e) and 0, respectively. 
A row of equidistant indents was placed along the particle passing through all of the three 
phases. The six indentations are marked with numbers and can be seen clearly in the particle 
from the SEM and IQ images, as shown in Figures 6.5 a) and b). The first indentation, 
labelled 69.1, is in the area of the A12CU phase and shows the lowest hardness and reduced 
modulus (5.79 GPa and 104.2 GPa respectively), as shown in Figure 6.6. The second 
indentation, labelled 69.2, is near to the boundary of the two phases (Al2Cu and A17CU4Ni) 
and has a similar hardness and reduced modulus to the first one, but slightly larger. The third 
indentation is perfectly located in the Al7Cu4Ni phase and gives a higher hardness and 
reduced modulus (8-19 GPa and 151.22 GPa). There are then three indentations all located in 
the A13Ni2 phase, which possess the highest hardness and modulus (average: 10.23 GPa and 
164.34 GPa respectively). These results indicate that as the Ni ratio increases from 2.53 at. % 
in A12CU to 50.58 at. % in AIN2, the hardness and the reduced modulus also increase from 
5.79 GI)a and 104.2 GPa to 10.31 GPa and 167.2 GPa,, respectively. This difference in 
mechanical properties between the phases can be clearly seen in Figure 6.6. It should also be 
pointed out that the hardness appears to relate to the indentation size,, and the softer phase 
deforms more easily during sample preparation, as can be seen in Figures 6.5 a) and b). 
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Figure 6.6 Hardness and reduced modulus of the AlCuNi phase within one particle 
In the phases containing Al, Cu and Ni, the Al7Cu4Ni and Al3Ni2 phases are very difficult to 
distinguish due to their similar crystal structures. Fortunately, a slight difference in chemical 
composition range of Cu and Ni can be used to differentiate the phases, for instance, the Ni 
ratio (Ni/(Ni+Cu)) in Al3Ni2 and A17CU4Ni are above 40 at. % and 6-39 at. %, respectively. 
However, the A12CU phase can be identified easily by the differences in crystal structure and 
chemical composition (Ni ratio <6 at. %). The amount of Ni plays a key role in phase 
identification and the determination of mechanical properties. Figure 6.7 shows that the 
hardness values can be divided into three groups corresponding to the three different phases 
(Al2Cu, Al7Cu4Ni and Al3Ni2)- Clearly, the hardness increases as the Ni content increases in 
the AlCuNi phases (Al3Ni2>Al7Cu4Ni>Al2CU). 
it is worth considering the errors associated with the indentation measurements. These can be 
either caused by the variation of the chemical composition in the different phases; by 
morphological effects, i. e. the particle size, especially the thickness of the embedded particle 
in the matrix, which is not known; the placement of the indent, e. g. whether close to the 
particle boundary; the surface roughness and an effect due to particle orientation. In addition, 
in multiphase samples, there is, of course, the measuring uncertainty of the NanoTest device 
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itself, although great care was taken to minimise thermal drift, machine compliance, 
vibrations and other parameters were attended with care. 
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Figure 6.7 Hardness as a function of the Ni ratio in the AI, Cu, A17Cu4Ni, AIN, phases 
Figure 6.8 shows the variation of hardness in different Al3Ni2 particles with varying Ni 
content. The different colours indicate different particles. The hardness values exhibit some 
scatter and lie between 9 and 11.1 GPa (this is less than a 5% (standard deviation) measuring 
uncertainty, which is expected). The Ni content can also vary within one particle, but this 
does not seem to have a great influence on hardness changes within the phase. Actually, there 
are a few particles with almost no variation in the Ni content, e. g. particles 4 or 9, but a large 
variation in hardness values which may be caused by size and positioning effects. Other 
particles with identified Ni content changes, e. g. particles I and 3 have only a minor variation 
in hardness. 
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Figure 6.9 shows the variation of hardness in the A17Cu4Ni particles with changing 
concentration of Ni in the particles. The hardness values scatter in a similar manner to the 
results presented in Figure 6.8 and cover a range between 8.3 GPa and 10 GPa, again resulting 
a-5.1 % measuring uncertainty, which is very similar to AIN2. For most of the particles, 
the Ni concentration within the particles is constant and hardness values vary a maximum of 
0.6 GPa within a single particle, and in most cases much less than this. In particle 3, the Ni 
concentration increases from 25 at. % to 27 at. % and the hardness decreases by 0.76 GPa. In 
particle 7, with a Ni content between 31 at. % to 37 at. %, the hardness is essentially constant. 
Therefore, it can be concluded that the hardness is essentially independent of the change of 
the Ni content in the AIN2, Al7Cu4Ni and A12CU phases, but that they are very different in 
hardness, which can be an alternative method for the phase identification, particularly 
inbetween the 
Al3Ni2 and A17Cu4Ni phases, which have very similar crystal structures. 
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6.3.2 AlgFeNi Phase 
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Iron is a key element for identification of the AlqFeNi phase. It is interesting to investigate 
how the concentration of iron can affect the mechanical behavior in the phase. Figure 6.10 
illustrates the variation of the hardness between 6.9 GPa and 8.3 GPa in the AlqFeNi particles. 
The hardness values have a similar scatter to other phases. The variation in the iron 
concentration is typically only between 2 and 6 at. % and thus is much smaller than the 
changes in Ni concentration of the AlCuNi phases. It can be seen that the hardness of the 
phase is mainly independent of the iron concentration. Additionally, Figure 6.11 indicates that 
the colour contrast in the AlqFeNi phase becomes darker as the concentration of iron 
increases. These results are obtained by optical microscopy in combination with EDX 
analysis. The nanoindentation test has been performed in the particle and indents in three 
different composition regions are shown In the SEM Image in Figure 6.12 (Labels 3-1,3-2 
and 2- 1). The result of the measured hardness values are presented in Table 6.1. The hardness 
of the AlgFeNi can be seen to be independent of the iron concentration. 
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Table 6.1 Hardness of AIqFeNi in the different composition regions 
O. M. SEM Hardness (GPa) Fe (at. %) 
8 3-1 7.78 3.91 
9 3-2 8.74 4.26 
10 2-1 8.02 4.86 
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Figure 6.12 SEM image showing the location of 
individual indents in Al, )FeNi 
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6.3.3 a-A IFeMnSi Phase 
The presence of iron is generally considered detrimental due to the formation of plate-like Fe- 
rich intermetallic compounds, such as the P-AlFeSi phase. Studies have indicated that such 
particles can introduce high stress concentrations, thereby enhancing crack initiation and 
decreasing the ductility of the casings [Cre95, KobOO]. From the results of the 
nanoindentation tests, the a-AlFeMnSi phase possesses higher hardness and reduced modulus 
in comparison to all other intermetallic phases. Therefore, it is important to understand if 
chemical compositions can influence the mechanical properties. Fe is a key element for the a- 
AlFeMnSi phase. Mn also needs to be taken into account because Fe can be substituted 
extensively for Mn. Figure 6.13 plots hardness as a function of composition in a number of a- 
AlFeMnSi phase particles and shows that hardness is constant with the increasing 
concentration of Fe and Mn. 
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Figure 6.13 Variation of hardness in five different AlFeMnSi particles 
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6.4 Discussion of Hardness Data 
A comparison of the hardness values obtained for all phases at different temperatures is 
shown in Figure 6.14. All hardness values of the intermetallic phases are inbetween silicon 
and aluminum. At room temperature, aluminum has the lowest hardness value of 1.45 GPa, 
which is higher than that of pure aluminum (H=0.7 GPa) [Mon76]. It is likely that the 
aluminum matrix in Al-Si cast alloys has some solubility for additional elements which 
cannot be easily detected by EDX This is consistent with the literature from Nayak et al. 
[Nay04], who reported that the hardness of aluminum in A319 Al-based alloys is 1.10 GPa by 
nanoindentation. Youn et al. [You05] also reported that the average nanohardness 
measurement of primary aluminum is 1.0 GPa in an Al-Si-Mg alloy. 
Another important factor is the "pile-up" phenomenon. The occurrence of such pile-up can 
change the projected contact area. However, the Oliver and Pharr method does not take the 
piling--up into account in the area calculation, which can result in an artificially high value of 
hardness [Poo96, Sha0l, Pha98]. Youn et al. [YouO5] also reported that hp (pile-up 
height)lhmax (the peak depth) ratio was proportional to the ln(E/H) ratio observed in an Al-Si 
based alloy [You05]. This illustrates that higher hardness values are correlated with higher 
pile-up. It is concluded that the projected area may be underestimated for material pile-up and 
rnay lead to an overestimate of the true contact area for sink-in [Oli92, HayOO, Gia99]. 
It should also be noted that, if the penetration depth is very small, it can exhibit a significant 
indention size effect. Various authors have proposed different perspectives of indentation size 
effect [HayOO, Oli92, Doe86, McE98, Ma95], which is a significant factor for nanoindentation 
tests since the hardness decrease with increase in the depth of indentations. One possible 
contributing factor for the indentation size effect is work hardening of the soft matrix in 
surface and subsurface regions, which takes place during the indentation itself. Additionally, 
mechanical polishing of the sarnple [Doe86, Sam67] can change the hardness in near surface 
regions. 
Silicon has the highest hardness of all phases, which is 11.13 GPa. Pressure induced phase 
transformations occur in silicon at room temperature, which varies the contact depth due to 
the change in the unloading curve and therefore affects the hardness calculation. Jang et aL 
[jan05] have reported that the hardness of standard wafers of (100) Si were H=1 1.5 GPa to 
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12.5 GPa by using nanoindentation. Beegan et al. [Bee04] also reported that the average 
hardness of silicon substrates at depths greater than 50 nm was found to be 12.9 ±0.5 GPa. 
These literature data are in good agreement with the experimental results obtained here for Si 
particles embedded in an Al-Si alloy. 
One intermetallic phase of interest is a-AlFeMnSi since it possesses a similar hardness to 
h hardness, silicon. The Ni containing phases (AIN2, Al7Cu4Ni and AlqFeNi) also have a hig, 
while the 
X-Al5CU2Mg8Si6 and A12CU phases have lower hardness. These results will be 
discussed, together with the modulus data in the following section. 
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Figure 6.14 A comparison of the hardness in all phases relevant to this work 
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6.5 Discussion of Reduced Modulus Data 
Figure 6.15 shows the measured reduced modulus values of all relevant phases. Comparing 
the reduced modulus values of the intermetallic phases, they show the same ranking as 
observed for the hardness values, and reflected by the load-displacement curves. This can be 
explained by the fact that the calculation of both the modulus and hardness depends on the 
contact areas through Equations 3.2 and 3.3. This is why accurate measurement of the contact 
area is critical to the measurement of the hardness and the modulus. Note that the hardness 
depends on the penetration depths of the plastic deformation while the modulus is based on 
the elastic stress fields. 
Aluminum has the lowest reduced modulus of all the phases present (reduced modulus 
E,;: =84.6 GPa or Young's modulus Ey = 80.1 GPa). Nayak et al. [Nay04] have reported that 
the average Ey of the aluminum matrix in Al alloys (A319) is 80.2 GPa using 
nanoindentation. This value is in fairly good agreement with the value from this study (80.1 
GPa); however, it is seems slightly higher than that of pure aluminum (70 GPa). It is believed 
that the aluminum matrix in Al-Si cast alloys has some solubility for additional elements 
which increases the intensity of elastic defonnation. 
Silicon possesses a high E, value (147.6 GPa), which is in good agreement with the literature 
data (E, = 140.3 GPa) [SmiOO]. Conversely to the hardness values, the a-AlFeMnSi phase and 
the three Ni containing phases have a reduced modulus that exceeds that of silicon. Actually, 
the a-AlFeMnSi phase has the highest reduced modulus (175.3 GPa) of all phases considered. 
The Ni containing phases (Al3Ni2, A17Cu4Ni, and AlgFeNi) also have a high E,. Hafez et aL 
[Haf8l] have reported that the Young's modulus values of Al3Ni2 and A17Cu4Ni are 180 GPa 
and 163 GPa, respectively in Al-Cu-Ni alloys. They are in quite good agreement with the 
experimental results obtained there, which are E, ý=170.6 GPa for Al3Ni2 and E, -7=163.6 GPa for 
Al7Cu4Ni, respectively. The lowest reduced modulus of all the intermetallic phases is the 
A12CU phase (E,. = 109.7 GPa), which is also in good with the literature data [Ski89, Esk94] 
measured in Al-Cu alloys (Ey = 104 and 108 GPa, respectively note that the Young's modulus 
is normally higher than reduced modulus). Table 6.2 compares the experimental results 
obtained in this work with literature values for all the phases present. 
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The Al5CU2Mg8SI6 and A12CU phases show a larger scatter In the hardness and modulus, 
which can be explained in terms of the effect of the particle size and/or orientation. The effect 
of the plastic zone beneath the indenter has to be taken into account in small particles since 
the plastic zone can extend into the matrix when increasing the penetration depth of the indent. 
Ohmura et al. [Ohm0l] reported that for aluminium. the critical indentation depth subject to a 
harder substrate is 115 of film thickness for the Berkovich indenter. A commonly used rule of 
thumb is to limit the penetration depth to below 10% of the film thickness [FisOO, KraO I ]. 
Another important consideration for the scatter is the orientation effect. Elastic anisotropy 
strongly may be affected by crystallographic orientation, which has been investigated in this 
work. Table 6.2 also illustrates that the AloFeNi phase has the highest E/H ratio of all phases 
studied. A number of cracks have been observed in this phase which was discussed in Section 
5.4. 
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Figure 6.15 A comparison of the reduced modulus of all phases relevant to this work 
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Table 6.2 Comparison of experimental results with literature data where available 
Experimental Data Literature Data 
Phase H(GPa) Er (GPa) E/H H(GPa) Ey (GPa) 
Silicon 11.13d: 0.05 147.59±1.89 13.26 11.5-12.5 ýJ'051 140.3 ýsm'OOJ 
A Iln-1k X-C: IAQ I-LA 1) A 117C 14 1 IC O)A ttlrr.. LVIIIOI a 
AI3M 10.08 [Esk941 176,215 [ak94. Haffi 1 
AI3M2 10.45±0.76 170.67+-8.57 16.33 ,, [Mon76] 180 [HafS 1] 
A17CUA 9.25±0.75 163.66±10.43 17.69 10 [Mon76] 163 [Haf81) 
AlgFeNi 7.71±0.58 161.48±11.28 20.94 - - 
AI5CU2M98Si6 6.511: 1.42 117.76±12.51 18.08 - - 
AI2Cu 5.77±0.91 109.73±14.07 19.01 4-6 [Mon76) 108,130 [Esk94, HafSt] 
AlunÜnium 1.45: k0.17 84.6±8.76 5.83 1.1,1 
[You05. Nay04) 76,80.1 [You05, Nay041 
According to the results above, an important discovery is that the elastic modulus can be 
correlated with the formation temperature of intermetallic phases. According to the 
thermodynamic modelling for the equilibrium calculations in Chapter 4, the a-AlFeMnSi, 
Al3Ni2, AlgFeNi phases which have the higher modulus form at the higher temperature, 
whereas the X-Al5CU2Mg8Si6 and A12CU phases form at the lower temperature, and have a 
lower modulus. The A12CU phase only forms at low temperature. This is because at higher 
temperatures A12Cu attempts to form compounds with nickel, iron, manganese and 
magnesium, such as Al7Cu4Ni and AIN2. This assumption can be confirmed with the 
invariant reactions in the Al-Cu-Ni system [Mon76], as shown in Table 6.3, indicating the 
phase formation sequence (AIN > Al3Ni2 > Al7Cu4Ni > Al2CU)- 
A higher formation temperature of intermetallic phases requires a larger enthalpy. Dudzinski 
et al. [Dud48] suggested that the heat of formation of a compound should be correlated with 
the elastic modulus. This is because the intermetallic phases with a high heat of formation 
have a tight binding between atoms, and therefore their elastic modulus should be high 
[Dud48]. Oelsen et al. [Ole37] and Kubaschewski et al. [Kub39] gave values for the heat of 
formation of the A12Cu, A19C02 (AlgFeNi) and Al3Ni phases, which correspond to their 
reduced modulus and hardness values, as shown in Table 6.4. It can therefore be concluded 
that the formation temperature of an intermetallic phase can be linked to the modulus. 
Table 63 Invariant reactions in the Al-Cu-Ni system [Mon76] 
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Reaction Temp. Liquid A B C 
ABC (K) %CU I/oNi %CU I/oNi %CU O/oNi %Cu %Ni 
(1) liq. Al + CuAJ2 821 33.2 5.65 52.2 
(2) liq. Al + CUA12 + CU4NiAI7 819 32.5 0.9 5.3 0.02 52.0 0.5 46 11 
(3) liq. + Ni2AI3 --+ Al + Cu4NiA17 863 22 2 33 25 3.5 O. Ox 42 16 
(4) liq. + NiA13 - Al + CuNiA13 903 16 4 1 42 1.7 O. Ox 23 45 
(5) liq. --+ Al + NiAJ3 913 6 0.04 42 1 
Table 6.4 The heat of formation of the intermetallic phases corresponding to the modulus and hardness 
Phase 
Heat of Formation, 
kLy. calJg. -atom 
Modulus (GPa) Hardness (GPa) 
A12CU 3.2 [0167. Kub391 109 (experimental data) 5.7 (experimental data) 
A19CO2 (AlgFeNi) 7.7 [0167. KUb39] 161 (experimental data) 7.7 (experimental data) 
AI3Ni 9.5 
[0167, Kub39] 176,215 [Esk94, HA 1] 10.08 [Chc96] 
6.6 Summary 
Nanoindentation has been used to determine the mechanical properties of individual phases, 
and it has been shown that both hardness and reduced modulus increase as the Ni content 
(Ni/(Ni+Cu)) of the AlCuNi phases increases (Al3Ni2 > Al7CU4Ni > A12Cu). The Al7CU4Ni 
phase has the broadest range of Ni content, which corresponds to the large range of the 
hardness in the phase. The measured hardness can also be seen to relate to the image quality 
of the electron diffraction pattern, with the softer phases deforming more easily during sample 
preparation. Additionally, the phase transformation of Si can lead to the change of the 
unloading curve, the "pop-out" or elbow phenomena, which result in a lower contact depth, h,, 
and therefore influence the calculation of hardness. 
The a-AlFeMnSi phase has a very high hardness similar to silicon, and may be intrinsically 
brittle with a possibility of cracking. High Ni containing phases (Al3Ni2 and A17Cu4Ni) have 
good mechanical properties, whereas the A15CU2Mg8Si6 and A12CU phases exhibit inferior 
mechanical properties. This can be correlated with the formation temperature of intermetallic 
phases. Thus, the intermetallic phases with a high heat of formation have a tight binding 
between atoms, and therefore their elastic modulus should be higher. The AlqFeNi phase has a 
high E/H ratio, which can forni initiation sitcs of cracks and debonds. 
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CHAPTER 7 
MECHANICAL PROPERTIES OF INTERMETALLICS 
AT ELEVATED TEMPERATURES 
7.1 Introduction 
Mechanical properties of materials strongly depend on the temperature. Thus, in this chapter, 
the mechanical properties of the different intermetallic phases have been investigated as a 
function of temperature using hot-stage nanoindentation. Another aspect of this chapter is to 
investigate whether the mechanical properties are affected by a change in the Ni content of the 
AlCuNi phases at the elevated temperatures. The creep behaviour of the intermetallic phases 
has also been investigated with a heating stage. Hot-stage nanoindentation is very complicated 
and can be affected by many factors, including creep behaviour, the indentor dwell time, 
phase transformation, load frame compliance, oxidation, and the size effect, and these will 
also be discussed. 
7.2 Characteristics of Load-Displacement Curves at Elevated Temperatures 
7.2.1 Aluminum 
Figure 7.1 shows comparisons of the typical load-displacement curves for Al measured at 
room temperature, 200'C and 350*C. Due to the applied heating regime the aluminiurn phase 
is heated up to 67% of its melting temperature and therefore shows a most significant 
temperature dependence due to a large increase in the indentation depth from room 
temperature to 350*C. The maximum penetration depth of aluminiurn becomes larger with 
increasing temperature and is approximately 1200 nm at 200*C, and 2400 nm at 350*C. The 
dwell time for all measurements was the same with 30 s for room temperature as well as the 
elevated temperature indentation experiments. The effect of changing dwell time would 
be 
interesting to investigate in further experiments. A stable plateau occurs in the load- 
displacement curves during the dwell period at maximum load due to plastic flow and creep at 
elevated temperatures. This behaviour indicates that Al possesses high creep rates with 
increasing temperatures. The dwell time for indentation in Al at the heating stage of 350 T is 
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unfortunately not large enough to allow for the full plastic creep relaxation and a convex 
bending of the unloading curve is visible. Therefore the values obtained for the indentation 
modulus should be treated with care in addition to, the fact that there is an extremely small 
elastic contribution to the defonnation during indentation. It was noted that the discontinuities 
in the loading curve disappeared at elevated temperatures. It is believed that dislocations can 
move much easily at high temperature since they can climb away from obstacles. However, 
the creep effect is very significant with increasing temperature. 
20 
15 
z 
10 
5 
0 
25'C Aluminium 
IN 
f\f%01- 
Displacement (nm) 
Figure 7.1 Typical load-displacement curves for aluminum at different temperatures 
7.2.2 Silicon 
Figure 7.2 shows comparisons of the typical load-displacement curves for S' grains embedded 
in the model alloy measured at the room temperature, 200'C and 350'C. Silicon is the hardest 
phase considered in this study and the temperature effect on its mechanical properties is 
expected to be much smaller than in the case of the softer aluminium. Additionally, the heat 
treatment covers only a minor temperature range of about 17 % towards the melting 
temperature of silicon. Therefore, the increase in maximum indentation depth at peak load 
observed with temperature was much smaller. In fact no change in the final indentation depth 
is observed when measurements at 200'C are carried out, as shown in Figure 7.2, however the 
shape of the unloading curve changes. The "pop-out" feature characteristic for a phase 
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transition disappears at NOT and the gradient of the curve is smaller compared to the results 
at room temperature. Thus almost no changes in the hardness and indentation modulus are 
expected with heating up to 200'C. It also appears that the pressure induced phase transition 
observed at room temperature in silicon is not visible in the heated sample. Evidence of this 
fact is given by Ge et al. [Ge04] who studied the thermal stability of metastable silicon phases 
produced by nanoindentation. Their detailed investigations of phase changes with subsequent 
annealing after nanoindentation show that the pressure induced phases are transformed back 
to the original silicon equilibrium phase with nanocrystalline and amorphous silicon after heat 
treatment at 150'C to 225T. These experiments are performed for indentations in annealed 
samples, and therefore it is expected that no phase transitions occur in the elevated 
temperature measurements. The elastic recovery changes from 37 % at 2000C to 28 % at 
35011C. For 350'C the unloading curve is similar to that at 200'C and the maximum 
indentation depth increases only by about 33 nm indicating only a minor change in the 
mechanical properties at increased temperatures. 
25'C Silicon 
20 
15 
z E 
V cc 0 10 
-i 
5 
0 
Displacement (nm) 
Figure 7.2 Typical load-displacement curves for silicon at different temperatures 
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ZZ3 Intermetallic Phases 
Figures 7.3 and 7.4 show the typical load-displacement curves for the intermetallic phases at 
2001C and 3501C. Figure 7.5 also shows the typical load-displacement curves of the 
individual intermetallic phases at room temperature, 2000C and 3501C for comparison. All 
experiments were performed with the same dwell time of 10 s for all temperatures. Evidently, 
the higher hardness of the phases is visible in the smaller maximum indentation depth at peak 
loads. The curve sequences of intermetallic phases at 2000C are the Si, (x-AlFeMnSi, Al3Ni2, 
A17Cu4Ni, AlgFeNi, X-Al5CU2Mg8Si6 and A12CU phases, which correspond to the same 
hardness sequences of phases as measured at room temperature. However, at 350*C, the curve 
sequences of intermetallic phases changes and is now Si, a-AlFeMnSi, Al3Ni2, AlgFeNi, X- 
A15CU2Mg8Si6, Al7Cu4Ni and A12CU phases. The main difference is the Al7CU4Ni phase, 
which softens significantly. The details will be discussed below and in Section 7.4. 
Creep effects are very dominant in the high Cu containing phases (Al2Cu, A17Cu4Ni), as 
shown in Figures 7.5 c) and 0, but appear in all of the intermetallic phases at 3501C to same 
extent, as shown in Figure 7.4. It is also the large creep of the Al7CU4Ni phase that causes the 
change in the sequence at 350'C measurements. Different creeping rates and creep resistance 
behaviours are observed in the different phases. A15CU2Mg8Si6 is much less sensitive to the 
creep effect even at 350'C, therefore, possessing a better creep resistance. Note that a phase 
with a high creep rate is likely to have very strong influence on the formation of an 
uncompleted elastic recovery in the unloading curve, which can lead to inaccuracies in data 
analysis. Generally the amount of elastic recovery during indentation decreases with 
increasing temperature. The maximum indentation depth for the intermetallic phases, except 
for A12Cu and Al7CU4Ni. increases only slightly with increasing temperature and the increase 
is less than 15 %. The two Cu containing phases exhibit a large increase in indentation depth 
after annealing from 200'C to 350'C. 
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Figure 7.3 Typical load-displacement curves for the intermetallic phases at 2000C 
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Figure 7.4 Typical load-displacement curves for the intermetallic phases at 350"C 
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Figure 7.5 Typical load-displacement curves for different intermetallic phases at 25'C, 200'C and 3500C 
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7.3 Effect of Temperature - Correlation between Grains and Phases and Indentation 
7.3.1 Th eA 13M2, A KuAi an dA 12 Cu Ph ases at 2 00 *C 
Figure 7.6 a) shows an interesting particle which has been used for the nanoindentation test at 
the 2001C. The EBSD image quality and the EDX map of the Ni indicate three distinct 
different contrasts and colours in the particle similar to the discussion in Section 6.3.1, as 
shown in Figures 7.6 b) and c), respectively. Three phases (A12Cu, Al7Cu4Ni and Al3Ni2) have 
been identified by a combination of EBSD and EDX, as shown in Figure 7.6 d). Two 
nanoindentation paths can be seen in Figure 7.6 a). The hardness and indentation modulus of 
the phases have been investigated and the results are shown in Figure 7.7. Labels 25.4 - 25.2 
are located at the lower Ni ratio phase A12Cu and show the lower H and E, values (on average 
H=5.58 GPa and Er = 102.1 GPa). The indentation labelled as 25.1 is positioned in the 
Al7Cu4Ni phase and exhibits the higher H and Er values (8.37 GPa and 147.4 GPa). Labels 
26.5 - 26.1 are situated in the high Ni ratio phase (Al3Ni2) and represent the highest H and E, 
values (on average H= 10.48 GPa and Er =145.3 GPa). These values are all lower than those 
measured at room temperature, except the hardness value for the A13Ni2 phase which is as 
high as the value measured at room temperature. Evidence for a twin boundary is seen in the 
Al3Ni2 phase by the orientation map, as shown in Figure 7.6 e). The label 26.3 is exactly 
situated at the twin boundary where the hardness is exceptionally high (11.32 GPa), as shown 
in Figure 7.7. It is believed that the twin boundary interferes with the slip process and 
increases the hardness. 
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I 
Al matrix 0. MIWPr 
Figure 7.6 One single particle was indented at 200'C by hot-stage nanoindentation a) SEM 
image, b) Image quality, c) EDX maps of Ni, d) EBSD phase map, and e) Orientation map 
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Figure 7.7 Hardness and reduced modulus of the AlCuNi phases within the particle from Figure 7.6 
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Figure 7.8 shows another particle of interest in the 200'C nanoindentation test. The EDX map 
shows that the concentration of Ni increases from the top to the bottom of the particle, as 
shown in Figure 7.8 d). This implies that different Ni containing phases may fonn within the 
particle. Indeed, three phases (A13N12, Al7Cu4Ni and A12Cu) have been identified by a 
combination of EBSD and EDX, as shown in Figure 7.8 e). It is worth noting that the A13Ni-, 
phase appears to grow into the Al7Cu4Ni phase with a dendritic morphology occurring at the 
boundary between the phases. Figure 7.8 b) shows the H and E, values increase as the Ni ratio 
increases and Al3Ni2 is much harder than A12Cu. as expected. According to these results, it 
can be concluded that the phase foriTiation sequences are A13Ni-1, Al7CU4Ni and then AI'Cu, 
which can be correlated with the modulus and hardness increase, as discussed in Section 6.4. 
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Figure 7.8 The nanoindentation test performing to three different regions within the single particle at 200'C a) SEM Z' 
image, b) Mechanical properties, c) Image quality, d) EDX maps of Ni, e) EBSD phase map, and f) Orientation map 
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Figure 7.9 shows an SEM micrograph of two particles which were indented at 200'C. Three 
indentations are visible in the left hand particle (labelled 15.1,15.2 and 15.3) and three in the 
right hand particle (labelled 5.1,5.2 and 5.3). EBSD maps have been acquired in this area in 
order to identify the intermetallic phases as described above. Figures 7.9 b), c) and e), D 
illustrate the EBSD image quality, EDX map and corresponding phase map respectively. 
Nanoindentation results are shown in Figure 7.9 d) and show that the first indentation (15.1) is 
in the area of the AbN12 phase and has a relatively high hardness, 8.91 GPa, and reduced 
modulus, E, of 133.7 GPa. The second indentation (15.2), however, is in the area of the 
Al7Cu4Ni phase and shows a slight decrease in hardness (8.18 GPa). The indentations labelled 
5.1 and 5.2, are located within the A12CU phase and give a much lower hardness and reduced 
modulus, -5.2 GPa and 110 GPa, respectively. The distribution of Ni is shown in the EDX 
map in Figure 7.9 c). It was also found that the amount of Ni (expressed as Ni/(N]+Cu)) 
increases from 3.18% in A12CU to 49.92% in AIN2, and the corresponding hardness (5.18 
GPa and 8.91 GPa) and reduced modulus (112.9 GPa and 133.7 GPa) also increase, as shown 
in Figure 7.9 d). It should be noted that the hardness also appears to relate to the image quality, 
Figure 7.9 b), because the softer phase deforms more easily during sample preparation. 
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Figure 7.9 The scan area illustrating two particles of 
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Figure 7.10 also shows an interesting particle after the nanoindentation test at 200'C. Tile 
EBSD image quality map, as shown in Figure 7.10 c), does not indicate any contrast 
difference within the particle whereas the EDX map, as shown in Figure 7.10 d) indicates an 
increase of the Ni concentration from the top right hand side to the bottom left hand side of 
the particle, but it is not easy to distinguish the boundaries of the composition region. The 
phase map indicates the Al3Ni2 and Al7Cu4Ni phases and also illustrates the phase transition 
occurring between the two phases, as shown in Figure 7.10 e). The H and E,. values of the 
phases within the particle can be seen in Figure 7.10 b). The first indentation, labelled as 8.1, 
is located in the Al7CU4Ni phase and has lower H and E, values (8.9 GPa and 157.4 GPa). The 
second indentation is positioned in the phase transition region and its H and E, values (9.12 
GPa and 162.25 GPa) increase as the Ni concentration increases. The final indentation, 
labelled as 8.3, is located at the A13Ni2 phase where it is the higher Ni concentration region 
and indicates the highest H and E, values (9.47 GPa and 164.3 GPa), as expected. 
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Figure 7.10 The nanoindentation test performing to two different regions within the single particle at 200'C a) SEM 
image, b) Mechanical properties, c) Image quality, d) EDX maps of N', e) EBSD phase map, and f) Orientation map 
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7.3.2 The AhNiz AhCuAi and A12Cu Phases at 3501C 
The nanoindentation test is much more complicated at elevated temperatures and many 
factors cannot be easily taken into account, such as the compliance effect, particle size, 
oxidation, phase transformation, thermal transfer between the sample and the indenter tip, 
surface roughness and surface contamination. This can lead to large scatter in the hardness 
and the reduced modulus at 350'C. 
Figure 7.11 a) shows one particle consisting of two gains which was indented at 3501C using 
hot-stage nanoindentation. The particle can be distinguished between the two regions by the 
contrast difference from the EBSD image quality and by the concentration difference of the 
Ni from the EDX map, as shown in Figures 7.11 c) and d), respectively. Indeed, two phases, 
which are Al7Cu4Ni and A12Cu have been identified by a combination of EBSD and EDX, as 
shown in Figure 7.11 f). This sample also showed numerous, large precipitates (Al2Cu) in the 
aluminium matrix. The EDX map of the Cu also illustrates that precipitates within the matrix 
contain the higher concentration of Cu, as shown in Figure 7.11 e). Additionally, the 
orientation mapping also indicates the different orientations between the two phases. It should 
be noted that the A12CU phase represents the inferior image quality this could be attributed to 
the defon-nation of the softer phase, phase transformation, oxidation, surface contamination, 
and higher surface roughness. The hardness of the two phases can be seen in Figure 7.11 b). 
The first two indentations, labelled as 12.4 and 12.3, are sited in the A12CU phase and possess 
lower hardness (2.64 GPa and 2.59 GPa), as expected. The third indentation is located in the 
Al7Cu4Ni phase near to the boundary between Al7Cu4Ni and Al2Cu and therefore provides the 
higher hardness values (4.32 GPa). The last indentation is situated in the Al7CU4Ni phase area 
where it is a complicated region due to it being close to a small hole and the soft phase 
(A12CU), resulting in the lower hardness value (3.42 GPa). 
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Figure 7.11 N ano indentation test on a single particle at 350'C a) SEM image, b) Hardness values, c) Inia,, c ,, quahtý, 
d) EDX maps of Ni, and e) Cu, f) EBSD phase map, and g) Orientation map 
Figure 7.12 shows another particle where indentation was performed at the 350'C. Again 
three distinct regions in the particle can be seen from the EBSD image quality and the EDX 
map of Ni, as shown in Figures 7.12 b) and d), respectively. The three phases (Al3NI2, 
Al7Cu4Ni and A12Cu) and precipitates have been identified by combined use of EBSD and 
EDX, as shown in Figure 7.12 0. The EDX map of Cu also illustrates that matrix precipitates 
contain a higher concentration of Cu, as shown In Figure 7.12 e). Four Indentations can be 
seen from the SEM image, as shown in Figure 7.12 a) and their hardness is shown in Figure 
7.12 c). The first indentation, as labelled 36.4, is located at the A13NI2 phase where it is near to 
grain boundary with the Al7Cu4Ni phase and gives a high hardness (7.43 GPa). The second 
indentation is sited at the A17CU4Ni phase near to the A12Cu boundary, leading to the lower 
hardness value (3.27 GPa). The next indentation is exactly situated in the A17CU4Ni phase and 
, 12.3 12.2 % Ni/V4i+Cu)at% and Phase: 
% f) 
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therefore gives the slightly higher value (5.55 GPa). The final indentation is positioned on the 
A12CU phase and has the lowest hardness value of all indents in this row (1.62 GPa), as 
anticipated. Generally, the hardness values at elevated temperature are lower than those at 
room temperature. The ranking of the Ni phases due to their hardness values does not change 
with annealing, so that Ni rich phases such as Al3NI2 and A17CU4Ni exhibit higher hardness 
values at higher temperatures in comparison to the Ni depleted Al-, Cu phase. 
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Figure 7.12 Nanoindentation test on three different regions within a single particle at 350'C a) SEM image, b) 
Image quality, c) Hardness values, d) EDX maps of Ni, and e) Cu, f) EBSD phase map, and g) Orientation map 
A comparison of average hardness values for the AlCuNi phases is shown in Figure 7.13. The 
change in hardness after heat treatment up to 200 'C is for all three phases moderate and 
results in a hardness decrease of about 10 %. After heating up to 350'C, the hardness change 
compared to room temperature values is drastic. Al3Ni2 shows the best temperature stability 
with a hardness decrease of only 35 %. A12CU loses 56 % of its hardness value at room 
temperature and thus degrades extremely, which is also reflected in the load-displacement 
curves in Figures 7.3 and 7.4 discussed earlier. 
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Figure 7.13 Hardness of the A13Ni2, A17CU4Ni and A12CU phases at different temperatures 
7.4 Hardness at Elevated Temperatures 
Figure 7.14 presents a comparison of the hardness of all phases at different temperatures 
relevant to this work. At elevated temperatures, aluminum has the largest hardness drop of 
53% at 200'C and 90% at 350'C, as expected, and indicates the lowest creep resistance. On 
the other hand, silicon shows a good stability for the hardness (-11.1 GPa) and good creep 
resistance up to 200'C, but the hardness decreases to -9 GPa at 350'C. Castaing et al. 
[Cas8l] reported that the hardness of silicon is almost independent of temperature below 
5000C. Therefore, in this study one possibility for the observed changes is that during the high 
temperature nanoindentation tests the indenter may push the hard and stiff Si particles into the 
soft aluminum matrix, thereby giving a slightly lower hardness value at 350'C than reported 
in the literature for bulk and pure silicon materials. 
The a-AlFeMnSi phase possesses a similar hardness to silicon up to 200'C and maintains its 
hardness to high temperatures (at 350'C H=8.14 GPa), which corresponds to its good creep 
resistance, as shown in Figure 7.5 a). However, cracks in the a-AlFeMnS, particles were 
frequently seen after 350'C nanoindentation tests, as shown in Figure 7.15. This can be 
mainly attributed to a combined effect of the intrinsic brittleness and the thermal misfit (the 
details of the thennal expansion coefficient for each intermetallic phase will be discussed in 
Chapter 8). Additionally, the Ni containing phases (Al3NI2, A17Cu4Ni and AlqFeNi) also have 
a high hardness up to 200'C. 
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However, k-Al5CU2Mg8Si6 and A12Cu have lower hardnesses up to 200T. The hardness of all 
intermetallic phases has a drop of around 6-10 % as the temperature increases to 200'C. The 
A15CU2Mg8Si6 phase has the smallest reduced amount of hardness from the room temperature 
to 3500C (21.8 %), which corresponds to its good creep resistance, as shown in Figure 7.5 e). 
Additionally, the hardness of the high Cu containing phases (Al2Cu, A17CU4NI and A13NI2) 
has a significant drop of 56.1 %, 46.1 % and 35.7 % from the room temperature to 350T, 
which corresponds to the degree of creep, as shown in Figures 7.5 b), c), and f). It can be 
concluded that exhibiting a high degree of creep results in a lower hardness at the elevated 
temperatures. An explanation could be related to the atomic structure of the phases. Since 
copper can replace nickel in the Al-Cu-Ni system, both of them can occupy randomly any 
lattice site at higher temperatures. As a result, the degree of order in the atomic structure 
decreases and may lead to a significant drop in hardness. Dahlborg et al. [DahOO] also found 
that frequent jumps of Cu and Ni atoms between different interstitial lattice positions take 
place in the AlCuNi phase at high temperature. Another reason could be the possibility of 
phase transformation which may occur during the high temperature nanoindentation tests. 
Evidence for this is seen at 350'C with numerous fine and some large precipitates (AICu) 
fon-ning in the matrix, as shown in Figure 7.15. 
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Figure 7.14 A comparison of the hardness of all phases relevant to this work at different temperatures 
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Figure 7.15 Cracks occurring in the ct-AlFeMnSi phase after 350'C nanoindentation tests 
7.5 Modulus at Elevated Temperatures 
Figure 7.16 shows a comparison of the reduced modulus of all phases at different 
temperatures relevant to this work. At elevated temperatures, aluminum has a large decrease 
of 35% in modulus at 200'C and another 50% at 350'C, while silicon retains the good high 
temperature stability from 2000C to 350'C. The reduced modulus of the (X-AlFeMnSi phase 
and the Ni containing phases at elevated temperatures exceeds that of silicon at the 
corresponding temperature. The a-AlFeMnSi phase has the highest reduced modulus at 2000C 
(146.0 GPa), which drops only slightly by - 9% from 200'C to 350'C. Thus, both the silicon 
and a-AlFeMnSi phases possess good mechanical properties at elevated temperatures. The k- 
Al5CU2Mg8SI6 phase has the smallest decrease of the reduced modulus of 4.3% and 16.1% 
from room temperature to 200'C and 350'C, respectively, indicating that it has relatively good 
creep resistance (this also can be seen from its load-displacement curve in the Figure 7.5 e)). 
The Cu and Ni containing phases (AIN2, Al7CU4Ni and AlqFeNi) also have a high modulus 
up to 200'C. However, at 350'C these phases have a significant creep effect, as shown in 
Figure 7.4, which can lead to an incomplete elastic recovery occurring in the initial unloading 
curve. This could be attributed to insufficient dwell time at the peak load during the 350'C 
nanoindentation tests. The first unloading may not be entirely elastic, which can result in an 
inaccurate analysis of elastic properties [Oli92]. This incomplete elastic recovery not only 
influences the maximum depth but also the gradient of the upper part of the unloading curve 
which is used for the calculation of contact stiffness and modulus. As a result, when the creep 
effect is significant, the unloading curve cannot be fitted accurately with a power law 
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according to Oliver and Pharr [Oli92]. The creep effect is strongly dependent on displacement 
rates as well as on the creep rate of the material [ChuO I]. Thus, Oliver et al. [01192] suggested 
that non-elastic effects can be minimized by including peak load hold periods in the loading 
sequence to diminish time dependent plastic effects, and to use unloading curves obtained 
after several cycles of loading to minimize effects of reverse plasticity. 
In this study, a hold period of 10s was used for all intennetallic phases. This may not be 
enough for the phases with a higher creep rate, such as A12Cu, A17CU4N', AlgFeNi and A13Ni2- 
The elastic recovery of these phases during the indentation procedure is very small, as shown 
in Figure 7.4, which results in the slope of the tangent being close to 90', and therefore the 
uncertainty in determining the indentation modulus E, is very high and the procedure can no 
longer be applied. This does not matter for the evaluation of the hardness, since it is not the 
slope but the contact depth that enters into Equation 3.2. Consequently, the fitting range for 
the power law function was changed manually to increase the accuracy of the evaluation 
procedure and more realistic values of the reduced modulus are obtained. Table 7.1 lists both 
the hardness and reduced modulus of all intennetallic phases at 250C, 200'C and 350'C. 
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Figure 7.16 A comparison of the reduced modulus of all phases relevant to this work at different temperatures 
186 
Chapter 7 Mechanical Properties of Intermetallics at Elevated Temperatures 
An extremely high reduced modulus was observed in the A12CU phase, 168 GPa at 350"C, 
which is much higher then that at room temperature and 200'C. Three essential factors may 
have contributed to this unexpected result. First, a phase transformation may happen at the 
elevated temperature. Evidence for this can be seen in Figure 7.17, which shows that 
numerous, large precipitates (A12CU) form in the matrix and imperfect indentations occur in 
the A12CU phase, possibly giving rise to errors in measured moduli. It should be pointed out 
that precipitate-free zones appear to form in the matrix around large A12CU Particles at 350"C, 
as shown in Figure 7.18. Small precipitates were observed in the matrix at 200*C and no 
precipitates were observed by SEM in the matrix at room temperature, as shown in Figures 
7.19 and 7.20, respectively. 
Secondly, an oxide layer containing A1203 and CuO, or containing A12CU04 may form on the 
surface of the A12CU phase at 350*C. The Young's modulus of oxide is usually higher, for 
example, the reported Young's modulus of A1203 is 406 GPa [McC90]. If the oxide layer 
becomes thicker it will result in a higher modulus. It is worth noting that the reduced modulus 
at 350'C scatters widely in all phases. This could be attributed to the high surface roughness 
of the sample since variations of the system are subtle at elevated temperature [Xia03]. In 
other words, the position of indentation tip on such a "relatively rough" surface would have 
strong influence on the measured values [Xia03]. Thirdly, an incorrect indentation curve 
results from the A12CU phase, as shown in Figure 7.21. The problem occurring can be seen 
from the red circle area of the initial unloading curve that indicates an incomplete elastic 
recovery occurs. This can be attributed to insufficient dwell time at the peak load during the 
350"C nanoindentation tests, as discussed earlier. 
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precipitates forming and imperfect indentations occurring the matrix around large Al-, Cu particles at 3501C 
Figure 7.19 Small precipitates form in the matrix at 200*C Figure 7.20 No precipitates were observed using SEM 
in the matrix at room temperature 
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Figure 7.21 Incorrect indentation curve from the AICu phase showing an 
incomplete pure elastic recovery at the initial partial unloading curve 
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The measurements presented in this study are performed without direct heating of the 
indentation tip. Therefore, a temperature difference between the diamond tip and the sample 
should occur. However, it is reasonable to assume that the diamond tip does indeed reach an 
elevated temperature prior to indentation since the diamond tip is within a few microns of the 
sample whilst the system is being heated for a long time. Therefore, the local temperature 
changes in the sample when the tip makes contact are neglected in this study. Two other 
essential factors can influence modulus values at the elevated temperatures. Firstly, the load 
frame compliance can be increased by the hot-stage system, leading to higher modulus values. 
Secondly, the small particle size of the secondary phases is more sensitive at elevated 
temperatures since the temperature rise in the different phases depends very much on the 
volume of the plastic zone. 
Table 7.1 Hardness and reduced modulus for a number of intermetallic phases at different temperatures 
Hardness (GPa) Reduced Modulus (GPa) 
Phase 250C 2000C 3501C 250C 2000C 3500C 
Silicon 11.13±0.05 11.12±0.65 9.21±0.33 147.59±1.90 110.76±4.78 99.83-+3.43 
AlFeMnSi 10.82±0.29 10.08±0.22 8.14±1.00 175.32±13.16 146.02±4.74 132.66±19.75 
Al3Ni2 10.45±0.76 9.48±0.55 6.71±0.59 170.67±8.58 151.53±9.89 171.18±7.94 
Al7Cu4Ni 9.25±0.75 8.22±0.73 4.98±0.81 163.66ý: 10.43 139.63±15.43 151.22±13.89 
AlgFeNi 7.71±0.58 6.96±0.31 5.83d: 0.31 161.48±11.29 137.65±8.89 142.06±10.55 
Al5CU2M98S'6 6.51±1.42 5.93±0.42 5.09±0.52 117.76±12.52 112.66±7.57 98.82±13.41 
A12CU 5.77±0.91 5.33±0.20 2.53±0.15 109.73±14.08 101.17±6.95 168.02±7.88 
Aluminium 1.45±0.17 0.68±0.10 0.143±0.005 84.60±8.77 55.42-+4.48 27.45±7.54 
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7.6 Summary 
The hardness and the reduced modulus of all intermetallic phases common in multicomponent 
AI-Si alloys at different temperatures have been investigated by hot-stage nanoindentation 
tests. The results indicate that the hardness increases as the Ni ratio increases in the AlCuNi 
phases (Al3Ni2 > A17Cu4Ni > A12Cu) at different temperatures. The Si and a-AlFeMnSi 
phases possess good high temperature strength up to 350'C, which correspond to their good 
creep resistance. The Ni containing phases (Al3Ni2 and A17CU4Ni) have good high 
temperature stability up to 200'C, but drop significantly at 3501C. This also corresponds to 
the degree of their creep effect, indicating that a phase exhibiting high creep results in a lower 
hardness. However, X-Al5CU2Mg8Si6 has the smallest decrease of the hardness and modulus 
up to 350"C, which corresponds to its good creep resistance. A12Cu has the most significant 
creep effect at the elevated temperatures, which is correlated with its lower mechanical 
properties, particularly at 350'C. An incomplete elastic recovery occurs in the initial 
unloading curve due to insufficient dwell time for the phases which exhibit the highest creep. 
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CHAPTER 8 
THERmAL ExPANSION OF INTERMETALLICS 
8.1 Introduction 
Most automotive piston engines are currently running at service temperatures of up to 350*C, 
with diesel engines running even hotter. Therefore, thermal stresses can be generated from the 
thermal expansion misfit between matrix and intermetallics during the cooling or heating and 
promote microstructure damage processes, such as particle cracking [Bre8l, Llo95, Lew95]. 
The purpose of this study is to establish a basic data set for the thermal expansion of specific 
intermetallic phases commonly occurring in multicomponent AI-Si alloys. Thermal expansion 
anisotropy has also been investigated in non-cubic inten-netallic phases. A high temperature 
X-ray diffraction technique has been used to measure the lattice parameters between 251C and 
4000C and the change in the lattice parameters as a function of temperature was used to 
estimate the coefficient of thermal expansion (CTE) for different intermetallic phases. The 
effect of thermal misfit on the formation of thermal cracks has also been investigated as part 
of this work. 
8.2 Phase Identirication by XRD at Room Temperature 
Alloys 4,8,10 and 25 were used for measuring CTEs by high temperature XRD- Each alloy 
was dominated by a particular phase of interest. Only the main intermetallic phases have been 
considered in these alloys to simplify high temperature XRD. Therefore, phase identification 
was first performed for these alloys in order to measure sequentially the CTE of intermetallic 
phases by high temperature XRD. 
8. Z1 AI-Si-Mn Alloys 
The composition of alloy 4 contains a high concentration of Mn, and forms mainly the a- 
AlFeMnSi intermetallic phase, as shown in the SEM image in Figure 5.56 and its composition 
was given in Table 5.20. The observed phase corresponds to that predicted by thermodynamic 
modelling which predicts approximately 10 wt. % of the a-AlFeMnSi phase formed in alloy 4, 
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as discussed in Section 4.2.3. Figure 8.1 shows the XRD profile of alloy 4. The scan was 
performed between 10 and 100' with a dwell time of I second and a step size of 0.02'. The 
XRD pattern has been fully indexed and consists of the Al, Si and a-AlFeMnSi phases. In 
Table 8.1 excellent agreement can be seen between the observed X-ray line position and those 
of the ICDD database. Aluminium was indexed as the card-number 04-0787 from ICDD 
database and six X-ray reflections (I 11), (200), (220), (311), (222) and (400) correspond 
almost exactly with the powder diffraction data, as shown in Table 8.1. Silicon was found to 
match best with the card number 27-1402 from ICDD database and the seven observed X-ray 
reflections (100), (200), (311), (400), (311), (400), (331), (422) and (511) correspond exactly 
with the powder diffraction files, as shown in Table 8.1. 
The a-AlFeMnSi phase is the only intermetallic phase forined in alloy 4 and was indexed as 
the cubic A14. OlMnSIO. 74 phase from ICDD database of number 87-0528 and is exactly the 
same as used in EBSD. Eight significant reflections (220), (013), (222), (510), (530), (500), 
(235) and (358) can be seen to relate well to the powder diffraction data, as shown in Table 
8.1. Phase identification by XRD in alloy 4 is in good agreement with SEM observation and 
predictions from the thermodynamic modelling. Figure 8.2 shows an important scanning area 
from 40' to 480 that was selected to determine the thermal expansion of the a-AlFeMnSi 
phase. 
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Figure 8.1 XRD spectrum of alloy 4 indicating the a-AlFeMnSi, Al, and Si phases 
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Table 8.1 X-ray diffraction measurements in the a-AlFeMnSi, Al, and Si phases of alloy 4 
ICDD Observed 
hkI 2-Theta Intensity hkI 2-Theta Counts 
AlFeMnSi 110 9.89 17 110 9.90 48 
AlFeMnSi 220 19.85 99 220 19.84 43 
AlFeMnSi 01 3 22.21 335 01 3 22.20 95 
AlFeMnSi 222 24.37 68 222 24.32 22 
AlFeMnSi 123 26.35 106 123 26.34 24 
Silicon 100 28.44 100 100 28.42 448 
AlFeMnSi 330 29.96 38 330 30.00 29 
AlFeMnSi 420 31.62 59 420 31.68 22 
AlFeMnSi 422 34.73 14 422 34.74 21 
AlFeMnSi 51 0 36.20 121 51 0 36.18 43 
Aluminum 111 38.47 100 111 38.46 1280 
AlFeMnSi 
-------- 
440 
-------------- 
40.32 
--------------- 
49 
--------------------- 
440 40.37 37 
-------- AlFeMnSi 530 41.62 -- 632 ------------------- 530 ----------------- 41.60 ------------- 171 
AlFeMnSi 600 42.88 279 600 42.86 36 
AlFeMnSi 235 44.12 999 235 44.10 509 
Aluminum 200 44.74 47 200 44.70 1773 
AlFeMnSi 026 45.33 98 026 45.32 60 
AlFeMnSi 541 46.51 56 541 46.46 37 
Silicon 
-- -- -------- 
220 
----- -- --- 
47.30 
----- -- 
55 
---------- ------------ 
220 
------------ -- 
47.26 
------- - ---- 
198 
------- Silicon 31 1 56.12 30 31 1 56.08 91 
Aluminum 220 65.13 22 220 65.08 286 
Silicon 400 69.13 6 400 69.14 30 
AlFeMnSi 358 74.19 265 358 74.16 121 
Silicon 331 76.38 11 331 76.32 44 
Aluminum 31 1 78.23 24 31 1 78.24 496 
Aluminum 222 82.44 7 222 82.42 56 
Silicon 422 88.03 12 422 88.02 71 
AlFeMnSi 1130 88.00 30 1130 87.94 43 
Silicon 51 1 94.95 6 51 1 94.90 28 
Aluminum 400 99.08 2 400 99.04 62 
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2 Theta 
Figure 8.2 20 scanning range selected to deterrnine the CTE of the a-AlFeMnSi phase 
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8. Z2 AI-Si-Cu Alloys 
In alloy 10, two intermetallic phases (major Al2Cu and minor A17Cu2Fe) were observed from 
the SEM image in Figure 5.59 and their compositions were given in Table 5.21. The 
predictions of thermodynamic modelling show that the A12Cu and Al7CU2Fe phases have mass 
fractions of 6.7% and 2.6%, respectively, as shown in Figure 4.9, which agree well with the 
observed phases. Figure 8.3 shows the XRD profile of alloy 10. The scan was performed 
between 10 and 100' with a dwell time of 1 second and a step size of 0.02'. The XRD pattern 
has been indexed and is indicated to consist of Al, Si, A12Cu and P-AlFeSi phases. In Table 
8.2 we also can see a good agreement between the observed X-ray reflections and those of the 
ICDD database. Aluminium was indexed by three significant reflections (111), (220) and 
(311), which correspond exactly with the powder diffraction. Aluminium also appears to have 
a significant texture effect which can be seen from the reflection (200). This is due to the 
presence of a dendritic structure in the aluminium. matrix. Silicon was found to have six 
observed reflections (I 11), (220), (311), (400), (33 1) and (511), which correspond almost 
exactly with the powder diffraction files. 
A12CU is the main intermetallic phase formed in alloy 10 and was indexed as the tetragonal 
CuA12 phase from ICDD files (card number 25-0012), which corresponds exactly with the 
card number used in EBSD. Six observed reflections (110), (220), (211), (112), (220) and 
(332) are given in Table 8.2 with the corresponding power diffraction data. The P-AlFeSi 
phase could be indexed as the monoclinic A14.5FeSi from the ICDD data base of the card 
number 82-0546, which is a reasonable enough fit to indicate that this is the correct solution. 
Since a very small fraction of the P-AlFeSi phase was observed from SEM and it also could 
have an orientation effect, only two observed reflections ((119) and (03 1)) correspond with 
the power diffraction data. However, there are still some reflections of small intensity in alloy 
10 that cannot be indexed by XRD. It is reasonable to assume the presence of the minor 
Al7Cu2Fe phase due to it being evidently observing from the SEM analysis. An important 
scan range from 36' to 43", including one reflection of Al (111) and three reflections of 
A12CU(211), (112) and (220), were selected to determine the thermal expansion on the A12Cu 
phase, as shown in Figure 8.4. 
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Figure 8.3 XRD spectrum of alloy 10 indicating the Al, Si, AI, Cu and P-AlFeSi phases 
Table 8.2 X-ray diffraction measurements in the Al, Si, A12Cu and P-AlFeSi phases of alloy 10 
ICDD Observed 
hkI 2-Theta Intensity hkI 2-Theta Counts 
A12CU 110 20.62 100 110 20.66 259 
Silicon 100 28.44 100 100 28.42 350 
ýýl 2C U 
---------- ---- 
2_2_0 
--- ----- 
29.39 
--- --------- 
40 
------------ ------------ 
2_2 0 
-- ------ 
29.42 
---- ------- 
106_. 
_ 
Al 2CU 21 1 37.87 70 21 1 37.90 141 
Aluminum 111 38.47 100 111 38.46 1214 
A12CU 220 42.07 35 220 42.08 278 
A12CU 112 42.59 90 112 42.58 360 
FeSi 031 44.20 2 69 0 31 44.26 143 
AlFeSi 119 44.40 290 119 44.50 170 
Aluminum 200 44.73 47 200 44.76 112 
Silicon 220 47.3 55 220 47.28 134 
Silicon 31 1 56.12 30 31 1 56.08 260 
Aluminum 220 65.13 22 220 64.70 181 
Silicon 400 69.13 6 400 69.16 59 
Silicon 331 76.37 11 331 76.36 74 
A12CU 332 77.25 20 332 78.28 160 
Aluminum 31 1 78.23 24 31 1 78.22 204 
Silicon 51 1 94.95 6 51 1 94.90 59 
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Figure 8.4 20 scanning range selected to detern-tine the CTE of the Al, Cu phase 
8.2.3 A I-Si-Ni Alloys 
The composition of alloy 8 contains a high concentration of Ni and therefore forms mainly the 
AlqFeNi and AIN intermetallic phases, which can be seen in the SEM image in Figure 5.62. 
The composition of the phases was determined and are given in Table 5.62. These observed 
phases are in a good agreement with the phase formation predicted by thermodynamic 
modelling, which show mass fractions of 9.4% and 4.3%, respectively for the AlqFeNi and 
AIN phases, as shown in Figure 4.8. Figure 8.5 shows the XRD profile of alloy 8, it has 
been fully indexed and is shown to consist of Al, Si, AlqFeNi and AIN phases. Aluminium 
was indexed by six significant observed reflections (I 11), (200), (220), (311), (222) and (400) 
which correspond exactly with the powder diffraction data, as shown in Table 8.3. Aluminium 
also presents a texture effect for the reflection (220). Silicon was found to have seven 
reflections (100), (220), (311), (400), (331), (422) and (511), which correspond with the 
powder diffraction files. The AlqFeNi phase was indexed as the monoclinic Co'Alq phase, 
which is isomorphous with AlqFeNi, from the card numbers 06-0699 and 30-0007 (they have 
very similar diffraction data). Manual indexing found the best match to be that of the card 
number 06-0699 by the (-110), (011), (111), (201), (002), (120), (-311), (321) and (-113) 
reflections, which is different with the card number (30-0007) used in EBSD from the 
AlqFeNi phase of the multicomponent alloy 25, which has some solubility for additional 
elements, resulting in the change of lattice parameters. 
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On the other hand, the AIN phase was indexed as the orthorhombic AIN phase from the 
card numbers 65-2418 and 02-0416 (they have very similar diffraction data). Manual indexing 
found the best match to be that of the card number 65-2418 by the eight main peaks (011), 
(011), (111), (210), (221), (112), (112), (230) and (122), which corresponds to the card 
number used in EBSD (65-2418 or 02-0416). There are still some reflections in alloy 8 which 
cannot be indexed by XRD, such as 20=25.10,40.16 and 43.38 etc., as shown in Figure 8.5. 
This could reflect the Fe containing phases (AlFeMnSi or AlFeSI), which are the most easy to 
form in AI-Si alloy systems. The thermodynamic modelling also predicted a very small mass 
fraction of 0.4% AlFeMnSi in alloy 8, as shown in Figure 4.8 although it was not observed 
from SEM. The crucial scanning range from 19' to 47' was used for high temperature XRD 
in order to measure thermal expansion of the AlqFeNi and AIN phases, as shown in Figure 
8.6. 
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Figure 8.5 XRD spectrum of alloy 8 indicating the Al, Si, AlqFeNi, and AIN phases 
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Table 8.3 X-ray diffraction measurements in the Al, Si, AlgFeNi, and AIN phases of alloy 8 
ICDD Observed 
hkI 2-Theta Intensity hkI 2-Theta Counts 
A19F eNi 
------- ------- 
1 
-- 
I-0 
--- ------ 
I-7- .4-8 --- --------- 
60 
------------ ------------ 
110 
-- ------ 
1-7. 
- 
48 7_2 
AlgFeNi 01 1 20.12 80 01 1 20.10 47 
A13N i 01 1 22.05 316 01 1 22.02 39 
Al3Ni 1 01 22.84 593 1 01 22.82 49 
AlgFeNi 111 23.21 60 111 23.26 189 
Unknown - - - - 25.10 64 
AIý,, Ni 11 1 25.88 999 11 1 25.90 44 
AlgFeNi 201 26.35 40 201 26.38 38 
A13N i 200 26.95 18 200 26.90 39 
Silicon 100 28.44 100 100 28.44 571 
AlgFeNi 002 28.82 40 002 28.80 43 
Al3Ni 21 0 29.59 511 210 29.58 42 
AlgFeNi 120 30.29 50 120 30.34 45 
AlgFeNi -31 1 36.53 30 -31 1 36.50 40 
Aluminum 111 38.47 100 111 38.46 960 
AlgFeNi 221 39.08 80 221 39.10 56 
Unknown 40.16 110 
Al3Ni 22 1 41.18 627 22 1 41.16 52 
Al: sNi 112 41.76 780 11 2 41.72 45 
Unknown 43.08 70 
Unknown 43.38 149 
Unknown - - - - 44.24 109 
Aluminum 200 44.73 47 200 44.70 698 
Al3Ni 230 46.01 699 230 46.04 65 
AlgFeNi 321 46.31 100 321 46.34 58 
AlgFeNi -1 13 46.81 100 -1 13 46.74 57 
Al3Ni 
-- ---------- 
122 
-------- - --- 
47.13 
----- -- 
650 
-------- - ------------ 
122 
------------ --- 
47.12 
------- - -- --- 
57 
--------- Silicon 220 47.3 55 220 47.28 207 
Al3Ni 212 48.36 294 212 48.34 43 
Al3Ni 040 49.45 316 040 49.40 42 
A13N i 32 1 51.91 156 321 51.92 36 
Silicon 31 1 56.12 30 31 1 56.12 192 
A13N i 113 60.69 184 113 60.66 41 
Al3Ni 421 64.73 62 42 1 64.76 160 
Al3Ni 123 64.91 100 123 64.94 181 
Aluminum 220 65.13 22 220 65.08 802 
Silicon 400 69.13 6 400 69.10 68 
Al3Ni 34 1 69.24 244 341 69.28 61 
Al3Ni 223 69.97 155 223 69.92 42 
Silicon 331 76.37 11 331 76.38 119 
Aluminum 31 1 78.23 24 31 1 78.18 338 
Aluminum 222 82.44 7 222 82.42 68 
Silicon 422 88.03 12 422 88.08 68 
Silicon 51 1 94.95 6 51 1 94.94 48 
Aluminum 400 99.08 2 400 99.06 47 
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8.2.4 AI-Si-Cu-Ni Alloys 
Alloy 25 contains high concentrations of Ni and Cu and the AlCuNi phases are the main 
interesting phases which fon-n. Figure 5.15 shows that many other intermetallic phases 
(Al7CU4Ni, A13N12, AlqFeNi and ), -Al5CU2Mg8Si6 etc. ) also form in this alloy. Indeed, 
thermodynamic modelling provides a prediction consistent with the phases observed, as 
shown in Figure 4.1. However, the area fraction of Al7CU4Ni observed from SEM is higher 
than that predicted using thermodynamic modelling. Due to the presence of additional 
elements in alloy 25 compared to the model alloys many complex intermetallic phases can 
forrn, which make phase identification more difficult. 
Figure 8.7 shows the XRD profile of alloy 25. The XRD pattern has been mainly indexed and 
is shown to consist of Al, Si, AIN2, Al7Cu4Ni and AlqFeNi I i phases. Aluminium was indexed 
by six significant observed reflections (111), (200), (220), (311), (222) and (400) which 
correspond exactly with the powder diffraction, as shown in Table 8.4. Silicon was found to 
have seven observed reflections (100), (220), (311), (400), (331), (422) and (511), which 
correspond with the powder diffraction files. The A13NI2 was indexed as the hexagonal AIN, 
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phase by three important reflections (001), (100) and (101). On the other hand, the Al7Cu4Ni 
phase was indexed as the rhombohedral-Al7Cu4Ni phase by three crucial reflections (101), 
(110) and (1 0 16). It should be mentioned that the AlCuNi phases have a larger variation in 
Cu: Ni ratio which changes the stacking sequences. As a consequence, the supercell either 
becomes hexagonal or rhombohedral depending on the range order. (eg. Al7Cu4Ni has long 
range order). This also indicates that the AlCuNi phases may have fewer reflections and may 
not provide a good fit with the power diffraction files. 
AlqFeNi was indexed as the monoclinic C02AI9 phase from ICDD files of the card number 30- 
0007, which is different from the AlqFeNi phase (the card number 06-0699) of alloy 8 since it 
has some solubility for additional elements. Four observed reflections (200), (320), (122) and 
(401) are given in Table 8.4 with the corresponding power diffraction data. The AIN phase 
could be indexed as the orthorhombic AIN phase from the ICDD database of the card 
number 65-2418, since it only provides one a good reflection (111) to fit with power 
diffraction data. Note that overlapping reflections between different phases can occur in 
multiphase materials. This can be seen in the AlqFeNi (210) and the Al3Ni2 (100) in 20=25.22, 
as shown in Table 8.4. 
There are still some remaining reflections which cannot be indexed or even reflections 
overlap each other, as shown in Figure 8.7 due to the presence of a large number of complex 
intermetallic phases in this alloy. A 17" to 451 scanning range, as shown in Figure 8.8, was 
selected to determine only for thermal expansion of the Al3Ni2 and Al7Cu4Ni phases. 
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Table 8.4 X-ray Diffraction measurements in the Al, Si, A13Ni_,, A17CU4Ni and AIN phases of alloy 25 
ICDD Observed 
hkI 2-Theta Intensity hkI 2-Theta Counts 
AlgFeNi 200 20.82 18 200 20.72 43 
Unknown 23.74 88 
A17CUA 1 01 25.14 35 1 01 25.12 66 
AlgFeNi 21 0 25.22 50 Overlap 21 0 25.22 84 
Al, N i 25.88 999 111 25.92 82 
Unknown 27.18 53 
Unknown 27.28 78 
Silicon 100 28.44 100 100 28.44 343 
Aluminum 111 38.47 100 111 38.46 1769 
Unknown 41.44 44 
AlgFeNi -320 42.84 19 -320 42.68 51 
AlgFeNi 122 43.23 54 122 43.22 54 
Al7CU4Ni 110 44.10 98 110 44.12 134 
A17CUA 1 016 44.28 100 1 016 44.22 197 
Aluminum 
--------- ------ 
200 
-------------- 
44.73 
-------------- 
47 
------------------------------- 
200 
------------- 
44.74 
---------------- 
658 
------------- AlgFeNi 401 46.22 43 401 46.16 51 
Silicon 220 47.30 55 220 47.32 724 
Unknown 48.24 49 
Silicon 31 1 56.12 30 31 1 56.12 91 
Aluminum 220 65.13 22 220 65.10 289 
Silicon 400 69.13 6 400 69.16 59 
Silicon 331 76.37 11 331 76.36 84 
Aluminum 31 1 78.23 24 31 1 78.22 246 
Aluminum 222 82.44 7 222 82.44 103 
Silicon 422 88.02 12 422 88.06 41 
Silicon 51 1 94.95 6 51 1 94.98 54 
Aluminum 400 99.08 2 400 99.08 44 
8.3 CTE Measured by High Temperature XRD 
8.3.1 Thermal Expansion of the a-AlFeMnSi Phase 
Figure 8.9 shows a scan performed between 41' and 48' In alloy 4 to measure the intensity of 
the Al (200), Si (220) and (x-AlFeMnSi ((530), (600) and (235)) phases at temperatures 
between 25'C and 400'C. As expected the Al peaks become wider and the intensity decreases 
with temperature due to increasing atom vibration. The Al peak moves to a lower 20 with 
increasing temperature, which indicates the d-spacing changes as a function of temperature. 
However, the Si (200) peak shifts slightly from 25C to 400'C, which indicates the low 
then-nal expansion behaviour of Si, as shown in Figure 8.9. The a-AlFeMnSi phase gives in 
the reflections (530), (600) and (235). An enlarged picture of the (530) peak shows a 
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significant change of 20 with temperature. The lattice parameters of the Al, Si and a- 
AlFeMnSi phases which are all cubic can be calculated by using Equation 8.1 
1122 
+12) Cubic structure 772 (h +k (8.1) 
a 
where d and a are the interplanar spacing and the lattice parameter, respectively. "h ", "k " 
and "I" are the Miller indices of the plane. Table 8.5 illustrates a good agreement between the 
experimental results and the ICDD database at room temperature. Figure 8.10 shows the 
measured lattice parameters as a function of increasing temperature for the Al, Si and a- 
AlFeMnSi phases. For the aluminium matrix the change in the lattice parameter observed was 
from 4.045A at 25'C to 4.085A at 400'C, and was linear with temperature, as shown in 
Figure 8.10 a). Thus, the linear coefficient of thermal expansion, a, can be calculated by using 
Equation 8.2 
if - li 
= 
Al 
(8.2) 11 (Tf - Ti) 11 -AT 
where T, and Tf are the initial and final temperatures and 11 and If are the initial and the final 
dimensions of the lattice parameter. The value for the CTE of the Al matrix calculated was 
24.72 ppm/OC, which is very close to literature data (26.6 ppm/OC from 201C to 4000C) 
[Mon76], as listed in Table 8.6. Figure 8.10 b) shows the lattice parameters for Si between 
251C and 4000C, which increased linearly ftorn 5.425A at IOOOC to 5.434A at 4000C. The 
CTE obtained for Si at 4000C was 3.7 ppm/'C, which is in good agreement with literature 
values (3.8 ppm/OC from 500K to 800K) [Kay95], as listed in Table 8.6. Figure 8.10 c) shows 
the average lattice parameters for a-AlFeMnSi, which were 12.626A at 250C increasing to 
12.702A at 4000C. The CTE for a-AlFeMnSi was 15.84 ppm/IC, which is inbetween that of 
Al and Si. Note that AlFeMnSi is the cubic structure, and the lattice parameters were observed 
to be consistent in three reflections (530), (600) and (235), as shown in Figure 8.11. 
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Figure 8.9 XRD spectrum scanning from 4 Pto 48' at different temperatures in alloy 4 
Table 8.5 The lattice parameters of the Al, Si, and a-AlFeMnSi phases at different temperatures 
Axes ICDD 25"C 1000C 200'C 300'C 400'C 
Al (200) a-axis 4.049 4.045 4.052 4.063 4.074 4.085 
Si (220) a-axis 5.431 5.425 5.427 5.430 5.431 5.434 
a (530) a-axis 12.643 12.628 12.643 12.657 12.684 12.698 
cE (600) a-axis 12.643 12.627 12.647 12.664 12.684 12.706 
a (235) a-axis 12.643 12.627 12.643 12.665 12.684 12.703 
a) 
4.09 - 
4.08 - 
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Table 8.6 The coefficient of thermal expansion of the Al, Si and cL-AlFeMnSi phases in alloy 4 
Phase Crystal Structure a. (ppm/C) Literature Data 
Aluminum Cubic 24.72 26.6 [Mon7bj 
Silicon Cubic 3.7 3.81K'Y951 
1ý -------------------- 1ý a( 
gi ----------------------------------------------- ------------------- 
* (600) --- 15.84 
* (235) 15.84 --- 
8.3.2 Th erm al Expan sion of th eA 12 Cu Ph ases 
Figure 8.12 shows the scan which was performed between 37* and 44' in alloy 10 to measure 
the intensity of the Al (111) and A12CU (211), (220) and (112) at temperatures between 25*C 
and 4001C. The Al (111) peak, which is a reference peak, shifts significantly from 251C to 
4000C, as expected and is shown in the insert picture in Figure 8.12. On the other hand, the 
A12CU phase was indexed by three sigaificant peaks (530), (600) and (235), which indicate a 
visible decrease of 20 with temperature increasing, as shown in the inset pictures in Figure 
8.12. The lattice parameters for the tetragonal A12Cu phase can be calculated by using 
Equation 8.3 
Tctragonal structure (h' +k 2)+ (8.3) d2a2C2 
Table 8.7 shows a good agreement between the experimental results and the ICDD database at 
room temperature. Figure 8.13 b) shows the measured lattice parameters as a function of 
increasing temperature for the tetragonal A12Cu phase and its lattice parameters were obtained 
along both the a- and c-axis, which are 6.067A to 6.102A and 4.881A to 4.927A ftom 250C to 
4000C, respectively. The CTE along the a- and c-axis were 15.01 ppm/OC and 20.42 ppm/OC 
respectively, which are similar to the single literature value (17.2 ppm/OC from 3001K to 
8000K) [Mon76], as listed in Table 8.8. The CTE for Al in alloy 10 was 24.68 ppm/OC, which 
is again in very good agreement with the Al of alloy 4 and literature data (24.72 and 26.6 
ppm/OC, respectively), as shown in Figure 8.13 a) and given in Table 8.8. 
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Table 8.7 The lattice parameters of the Al and Al, Cu phases at different temperatures 
Axes ICDD 25'C I OOOC 200'C 300'C 400'C 
Al 0 11) a-axis 4.049 4.051 4.060 4.072 4.079 4.091 
Al-, Cu (220) a-axis 6.065 6.067 6.072 6.083 6.091 6.102 
A12CU (211) c-axis 4.873 4.876 4.880 4.893 4.905 4.922 
AI, Cu (112) c-axis 4.873 4.885 4.889 4.904 4.919 4.932 
Aluminum a) 
4.10 
4.09 ý 
4.08 
4.07 
4.06 
4.05 
4.04 - 
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Temperature ("C) 
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Table 8.8 The coefficient of thermal expansion of the Al and Al, Cu phases in alloy 10 
Phase Crystal Structure cca (PPM/ C (X,: (Ppm/, C) a, / ct, Literature Data 
Aluminum Cubic 24.68 --- --- 26.6ý 
'00061 
Al, Cu Tetragonal 15.01 20.42 1.36 17.2 ýMoO(, j 
8.3.3 Thermal Expansion of the AlgFeNi and A13Ni Phases 
A wide range of the XRD scan was required in alloy 8 in order to obtain more reflections 
from the monoclinic AlgFeNi and orthorhombic Al3Ni phases. Therefore, data were collected 
at the 0.01' step scanning mode in a 19'-49' 20 range and counting lOs/step during the 
experiment. Figure 8.14 shows that the scan was perfon-ned in alloy 8 to measure the 20 
change of the reflections in the Al3Ni and AlqFeNi phases with temperature. The AIN phase 
was indexed by the following nine XRD reflections, (101), (020), (111), (210), (220), (221), 
(112), (230) and (122), which are given in Table 8.9 with the corresponding powder 
diffraction data, and the 20 of reflections as a function of temperature. The lattice parameters 
of the orthorhombic AIN phase were calculated using Equation 8.4 
+ 12 Orthorhombic structure d22h+b2k2 
(8.4) 
where b and c are lattice parameters along the b- and c-axes. Table 8.10 shows good 
agreement between the experimental results and the ICDD database at room temperature. 
Figures 8.15 a) and 8.15 b) show the measured lattice parameters along the a-, b- and c-axes; 
6.617A at 25"C to 6.643A at 400'C for the a-axis, 7.364A at 250C to 7.405A at 400'C for the 
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b-axis and 4.813A at 25'C to 4.845A at 400'C for the c-axis. The CTE along the a- , b- and c- 
axis were 10.58 ppm/'C, 13.58 ppmPC and 18.70 ppnl/"C respectively. On the other hand, 
AlgFeNi was indexed by seven XRD reflections, (0 11), (111), (120), (112), (-221), (212) and 
(321), which are given in Table 8.11 with the corresponding power diffraction data. AlgFeNi 
is the most complicated phase for measurements of CTE by XRD due to its monoclinic crystal 
structure. The lattice parameters were calculated using Equation 8.5, and are in reasonable 
agreement with the ICDD database, as shown in Table 8.12. 
Monoclinic structure 
i h, 1P+iI, 2hl - cos, 8 (8.5) 
a2 sin' fl ' 
_ý7 
c' sin' fl ac -sin 2g 
Figures 8.16 a) and 8.16 b) show the measured lattice parameters, which exhibited some 
apparent non-linearity along the a- and c-axis, resulting in a significant difference in the CTE 
measured at NOT and 400'C. The AlqFeNi phase may exhibit significant thermal expansion 
anisotropy (TEA) with ac/a,, 0.69 and ab/a., 0.48 which may give rise to high internal residual 
thermal stresses during heating or cooling resulting in microcracking [Tho94] or deformation 
twinning [Fro901. Figure 8.16 d) also shows a significant change in the beta angles of the 
phase, which indicate a possibility of phase transformation although the cell volumes of the 
phase increase linearly with temperature. Additionally, the composition of AlqFeNi might 
change with increasing temperature, which could lead to a transition in its crystal structure. 
Table 8.13 lists the CTE for Al, Si, A13Ni and AlqFeNi in alloy 8, which indicates that AIN 
possesses a small CTE and also that AlqFeNi has a TEA effect, and Al and Si are consistent 
with previous results in both alloy 4 and alloy 10. 
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Table 8.9 The measured reflections 20 of the AIN phase at different temperatures 
AIN (h k 1) ICDD (20) 25'C I 0011C 200'C 300'C 400'C 
101 22.841 22.830 22.810 22.780 22.740 22.700 
020 24.144 24.120 24.100 24.060 24.030 23.990 
111 25.879 25.870 25.840 25.810 25.750 25.720 
210 29.595 29.580 29.550 29.520 29.480 29.440 
220 36.493 36.450 36.430 36.380 36.340 36.290 
22 1 41.178 41.170 41.120 41.070 41.010 40.950 
112 41.762 41.750 41.680 41.600 41.530 41.480 
230 46.006 46.020 45.960 45.900 45.830 45.770 
122 47.132 47.120 47.060 46.980 46.900 46.810 
Table 8.10 The lattice parameters and cell volumes of AIN at different temperatures 
AIN ICDD (A) 25C I OOOC 2000C 300'C 400'C 
a-axis 6.611 6.617 6.622 6.628 6.636 6.643 
b-axis (A) 7.366 7.364 7.372 7.383 7.394 7.405 
c-axis (A) 4.811 4.813 4.820 4.829 4.837 4.845 
Vol. (A), --- 234.50 235.31 236.30 237.34 238.34 
AhNi (a, c-axis) 
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Figure 8.15 The variation of lattice parameters between 25'C and 400'C for a) AIN along the a- and 
c-axes b) AIN along the b-axis and for the cell volumes 
Table 8.11 The measured reflections 20 of the AIqFeNi phase at different temperatures 
AIqFeNi ICDD 25'C I OOOC 200'C 300'C 400'C 
01 1 20.119 20.115 20.104 20.059 20.030 19.991 
111 23.211 23.236 23.212 23.191 23.150 23.112 
120 30.293 30.330 30.300 30.260 30.203 30.152 
1 12 34.687 34.665 34.620 34.580 34.530 34.480 
-22 1 37.685 
37.610 37.530 37.440 37.410 37.350 
212 40.021 40.020 40.000 39.960 39.920 39.880 
32 1 46.308 46.330 46.260 46.177 46.090 46.010 
Table 8.12 The lattice parameters, 0 angles and cell volumes of AlqFeNi at different temperatures 
AL)FeNi lCDD 25'C IOOOC 2000C 300'C 4000C 
a-axis 8.557 8.601 8.629 8.659 8.662 8.675 
b-axis 6.290 6.271 6.276 6.283 6.296 6.308 
c-axis (A) 6.213 6.244 6.255 6.267 6.265 6.271 
p angle (') 94.76 95.32 95.49 95.64 95.50 95.51 
Vol. (A)3 --- 335.30 337.17 339.29 340.12 341.59 
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Table 8.13 The coefficient of thernial. expansion of the Al, Si, Al3Ni and AlgFeNi phases in alloy 8 
Phase Crystal Structure C6 (PPM/ - C) ab (PPnIrC) a" (PPM/OC) CE, / C6 cch / a, 
Al Cubic 24.70 
si Cubic 3.68 -- --- --- -- 
Al3Ni Orthorhombic 10.58 13.58 18.70 1.76 1.38 
AlgFeNi Monoclinic 23.22 15.95 11.20 0.48 0.69 
8.3.4 Thermal Expansion of the A13A and A17CU4Ni Phases 
A large number of complex intermetallic phases can be formed in the multicomponent alloy 
25, as already mentioned. However, in this alloy, only two intermetallic phases, Al3Ni2 and 
A17Cu4Ni, were taken into account for measuring the CTEs. Figure 8.17 shows that the large 
XRD scan that performed in the range 15' - 47* to obtain effective reflections in the Al3Ni2 
and Al7Cu4Ni phases and data were collected at 0.01' steps with an acquisition of time of 
lOs/step to allow sufficient intensity. Table 8.14 shows the measured reflections 20 of the 
Al3Ni2 phase at different temperatures. Two important XRD reflections, (001) and (101) were 
obtained to measure the lattice parameters using Equation 8.6. 
Hexagonal structure 
1-42 
+hk+k 
2)+ 
112 
T2 7ý 
a7(h C 
(8.6) 
However, the lattice parameter along the a-axis is slightly different from that of the lCDD 
database, as shown in Table 8.15. This is due to the fact that Al3Ni2 has some solubility for 
additional elements, which makes a slight change in its superlattice structure. Figure 8.18 
shows the measured lattice parameters along the a-, and c-axes; 4.096A at 250C to 4.116A at 
4000C for the a-axis and 4.912A at 25"C to 4.935A at 400'C for the c-axis. The CTE along 
the a- and b-axis were 12-20 ppm/'C and 12.22 ppm/OC respectively. On the other hand, the 
lattice parameters of A17Cu4Ni was calculated by two important XRD reflections, (101) and 
(10 16), as given in Tables 8.16 and 8.17. Figure 8.19 shows the measured lattice parameters 
along the a-, and c-axes; 4.114A at 25'C to 4.137A at 400'C for the a-axis and 39.989A at 
25'C to 40.229A at 400'C for the c-axis. The CTE along the a- and b-axis were 12.15 ppm/IC 
and 15.0 ppm/"C respectively, as given in Table 8.18. Note that due to the presence of many 
additional elements in alloy 25 the AlCuNi phases can have some solubility for additional 
elements, which can make a slight change in their Superlattice structure. 
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, Ni2 phase at different temperatures Table 8.14 The measured reflections 20 of the Al, 
A13Ni2 ICDD 25'C I OOOC 200'C 300'C 400'C 
001 18.089 18.045 18.032 18.01 17.989 17.96 
101 31.215 31.075 31.041 31.001 30.956 30.92 
Table 8.15 The lattice parameters 20 of the A13Ni2 phase at different temperatures 
Al3Ni2 ICDD 25C I OOOC 2001C 300'C 400'C 
a-axis 4.0650 4.0968 4.1012 4.1063 4.1125 4.1162 
c-axis 4.9060 4.9119 4.9154 4.9215 4.9271 4.9351 
A13Ni2 (a, c-axis) 
* a-axis 
4.115 m c-axis 
4.110 
105 ] 4 0 . 
m 
64 100 C . 
4.095 
4.090 
y= 5E-05x + 4. OQýaý ý- 4.940 
Temperature ("C) 
4.935 
4.930 
4.925 
4.920 
4.915 
-- -- 4.910 
]Figure 8.18 The variation of lattice parameters between 25"C and 400'C for A13Ni, along the a- and c-axes 
Table 8.16 The measured reflections of the AIN, phase at different temperatures 
Al7CU4Ni lCDD ICDD 25'C I OOOC 200'C 300'C 
101 25.135 25.072 25.049 24.998 24.964 24.930 
1016 44.277 44.230 44.174 44.111 44.062 43.959 
Table 8.17 The lattice parameters of the A13Ni_, phase at different temperatures 
A17CU4Ni ICDD 25'C 10011C 200'C 300'C 400'C 
a-axis 4.105 4.114 
4.118 4.126 4.132 4.137 
c-axis 39.970 39.989 
40.043 40.085 40.122 40.229 
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Figure 8.19 The variation of lattice parameters between 25"C and 400'C for Al7CU4Ni along the a- and c-axes 
Table 8.18 The coefficient of thennal expansion of the Al, Si, Al3Ni2 and Al7CU4Ni phases in alloy 25 
Phase Crystal Structure ct" (Ppm/, c (XC (Ppm/"C) ac I ail 
Al Cubic 24.70 --- --- 
si Cubic 3.68 --- --- 
AIN, Hexagonal 12.20 12.22 1.02 
Al7CU4Ni Trigonal 12.15 15.0 1.20 
8.4 A comparison of CTE Results with Hardness and Modulus 
Figure 8.20 and Table 8.19 provide an overview of the thermal expansion determined in all 
phases. This indicates that the high Ni containing phases (Al3Ni, Al3Ni2 and A17CU4NO 
exhibit a lower thermal expansion coefficient. Thermal expansion anisotropy occurs in both 
the Al, )FeNi and AIN phases, particularly in the AI9FeNi phase. The CTE values obtained 
for all intermetallic phases tend to decrease as the hardness or modulus increases, as shown in 
Figure 8.21. This is due to the fact that the coefficient of thermal expansion is related to the 
strength of the atomic bonds. In order for the atoms to move from their equilibrium positions, 
energy must be introduced into the material. In materials which have strong atomic bonding, 
the atoms separate to a lesser degree on heating and therefore have a low coefficient of 
thermal expansion [Ask96]. This relationship could be made that materials with the same type 
of bonding and have a high melting temperature also have strong atomic bonding. 
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Figure 8.20 An overview of the thermal expansion in the different phases 
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Table 8.19 An overall of the thermal expansion values in the different phases 
Phase 
Crystal 
Structural Cta 
(PPM/t) Ctb (PPnl/'C Uc (ppm/, C) ac % Ctb /% Literature 
Al Cubic 24.70--tO. O I --- --- --- --- 16.6 
Si Cubic 3.68±0.01 --- --- --- --- 3.8 
AlFeMnSi Cubic 15.84 --- --- --- --- --- 
A12CU Tetragonal 15.01 --- 20.42 1.36 --- 17.2 
AIN Orthorhombic 10.58 13.58 18.70 1.76 1.38 --- 
AlqFeNi Monoclinic 23.22 15.95 11.20 0.48 0.69 --- 
Al3NI2 Hexagonal 12.20 --- 12.22 1.02 --- --- 
Al7CU4Ni Trigonal 12.15 --- 15.00 1.20 --- --- 
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Hardness vs CTE 
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8.5 Investigations of Thermal Cracks in Model Alloys 
To date, the CTE of all phases has been measured by high temperature XRD; however, they 
are very different, and therefore a temperature change may produce a thermal misfit strain, 
leading to the development of internal residual thermal stresses. Therefore, in this section, 
alloys 4,8,10, and 25 were water quenched from 500"C (cooling rate 50"C/sec 
approximately) to investigate the effect of thermal stresses on the fori-nation of cracks. Figure 
8.22 a) shows some cracks that occurred in the a-AlFeMnSi particles of alloy 4. This can be 
attributed to the combined effect of thermal expansion and the intrinsic brittleness of the 
phase. Figure 8.22 b) also illustrates numerous cracks occurring in the AlgFeNi and AIN 
phases of alloy 8, which were observed to crack most frequently. This can be explained 
because both phases possess a significant thermal expansion anisotropy, which gives rise to 
high internal residual stresses, resulting in cracking. On the other hand, Figure 8.22 c) shows 
no cracks occurring in the A12Cu phase of alloy 10; however, it can be seen that the A12CU 
particle/matrix debonded and even some particles were pulled out. It can be assumed that the 
A12CU phase exhibits ductile behaviour (as discussed in Chapters 7 and 8), which can absorb 
1nore thermal stress without cracking during cooling, although the phase does have a slight 
thermal expansion anisotropy effect. However, large stresses could be formed between the 
phase boundaries due to the thermal load transfer from matrix to particles, which can pull the 
particles out. No phase cracks were observed in alloy 25. This can be attributed to a higher 
volume fraction of stiffer secondary phases in this alloy, which lead to load transfer effects 
reducing particle stresses and particle cracking. This will be discussed in detail in the next 
chapter. A higher proportion of stiffer secondary phase particles is also believed to offer 
improvements in fatigue resistance and reduce particle/ matrix debonding, as discussed in 
Section 5.4. The large thermal stresses generated by fast dilatometer cooling (500*C/sec) were 
applied to alloy 25 in order to observe the formation of cracks in the phases. Figure 8.23 
illustrates that only the AlgFeNi particles crack even after the dilatometer cooling, which 
confirms that the thermal expansion anisotropy predominates the crack formations of the 
phase. Silicon particle cracking can be seen in all alloys, as expected, due to the intrinsic 
brittleness of the phase and large thermal expansion misfit between matrix and Si. The 
observations of thermal cracks will be compared with thermal stresses predicted by Eshelby 
Modelling, which will be further discussed in the next chapter. 
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Figure 8.22 SEM rnicrographs of thermal cracks formed by quenching from 5001C a) AlFeMnSi cracking in 
alloy 4, b) AIN and AlgFeNi cracking in alloy 8, c) Al-, Cu no cracking in alloy 10 and d) No cracking in the 
AICUNi phases in alloy 25 
b) 
Figure 8.23 Thermal cracks formed by the fast d1latometer cooling; only the AlqFeNi phase cracks in alloy 25 
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8.6 Summary 
The measured CTE values ranged from 10 to 23 ppm/OC for the intermetallic phases, which 
were inbetween the values for Si (3.7 ppnV'C) and Al (24.7 ppm/C). The large thermal 
expansion mismatch between the Al matrix and the Si particles resulted in cracks being 
observed in all alloys after quenching. The lattice parameters generally changed linearly with 
increasing temperature for all phases apart from the monoclinic AlgFeNi phase, along the a- 
and c-axes, which also demonstrated anisotropic behaviour and microcracking. The a- 
AlFeMnSi particle cracking is mainly dominated by its intrinsic brittleness and is not due to 
large thermal expansion misfit. No cracks were observed in A12CU Particles due to a combined 
effect of reduced brittleness and a small thermal misfit. Additionally, the CTE values obtained 
for all intermetallic phases tend to decrease as the hardness or modulus increases. 
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CHAPTER 9 
MICROMECHANICAL MODELLING 
9.1 Introduction 
Multicomponent Al-Si piston alloys are microstructurally complex due to the large number of 
phases, each possessing different mechanical and physical properties, as discussed in Chapters 
6-8. The Al matrix is relatively soft, and is reinforced by the numerous brittle intermetallic 
phases. This mechanism is very similar to metal matrix composites (MMCs), for which 
Eshelby analysis is commonly used. In this chapter, the Eshelby method has been used to 
predict the internal and thermal stress of the alloys using the information obtained from 
nanoindentation tests and high-temperature XRD. The effect of temperature on the internal 
stress is also discussed. It should be noted that this work has only considered pure elastic 
loading; however, many of the effects are dominated by plastic relaxation of the stresses by 
the matrix. Nevertheless, this work is able to provide a comparison of the relative mechanical 
properties associated with each individual phase. 
9.2 The Eshelby Method 
originally, the Eshelby method was presented in the late 1950s and early 1960s by Eshelby to 
solve three-dimensional elasticity problems where inclusions of ellipsoidal shape are 
embedded in an infinite elastic body [Esh57, Esh59, Esh6l]. This method has since been 
successful applied to numerous types of materials, for example, metal matrix composite 
(MMCs) and dispersion-strengthened alloys [Ars87, Bro7l, Ped85, Wit87, Wit89, Tay9l, 
Ode92]. In previous work, it was found that the results of elastic properties predicted by, the 
Eshelby model are in good agreement with experimental data [Tay87]. In multiphase systems, 
inhomogeneous stress distributions can arise, for example, on loading because of a mismatch 
in elastic constants or on cooling during fabrication through the differential contraction of the 
rnatrix and secondary phases. Consequently, two different loading mechanisms (thermal 
loading and applied loading) are introduced by Eshelby's cutting and welding procedures 
described by Withers et al. [Wit89, Cly93]. Both of these loading mechanisms are discussed 
in detail in the following sections*. 
* The work presented in this chapter was initiated through joint work with Mr Andrew Moffat, a PhD student 
with Dr Philippa Reed, at Southampton University. The experimental data used and the calculations presented in 
this chapter were obtained in independent work at Loughborough University 
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RZI Under Thermal Loading 
When the temperature of a composite is changed, internal stresses arise as a result of misfit 
between the different constituents (matrix and inclusions). Under thermal loading, the internal 
stress in an inclusion surrounded by an infinite matrix is given by 
a, = cm 
(S - I)I(CI - 
CM)s + CM 1 -1 Ce T* 
where eT* is the stress-free transformation strain and Cm, C1, S and I are respectively the 
stiffness tensors of matrix and the inclusion, Eshelby and identity tensors. This equation 
allows the calculation of the internal stresses generated within a single inclusion as a result of 
a thermal expansion misfit. 
In order to describe a real composition with a finite volume fraction of inclusions the mean 
field theory has to be introduced [Mor73, Li88]. A finite number of inclusions constituting a 
volume fractionf, the internal balance of mean stresses in the matrix (a)m and inclusion (a), 
can be given by 
(I - Ac)m + f(a), = (9.1) 
The internal stress balance, equation 9.1, can then be used to calculate the mean internal 
thermal stress of the matrix and the inclusion 
((C)AT 
and 
(C)AT). 
MI 
T* (a), IT=fCM(S_I){(CM-Cl)[S-f(S-I)]-CMI-IC, e 
(9.2) 
m 
(U)I' =-(I-f)C,, (S-I){(Cm -C, )[S-f(S-I)I-Cm)`Ce'* 
(9.3) 
where e" = (a. - aj)AT, describes the shape change generated by thermal misfit between 
matrix and inclusion after a temperature change. 
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9. Z2 Under Applied Loading 
The above analysis considers only the stress arising with changing temperature from a natural 
shape mismatch between two regions. However, in many situations MMCs have to bear a 
large external load. Consequently, stresses (and strains) result due to the difference in the 
properties of the inclusion and the matrix, which is responsible for load transfer to the 
reinforcement. Under an applied load, the internal stress in an inclusion surrounded by an 
infinite matrix is given by 
ul cr' = -C, (S - I)[(C, - CJS + C l-'(C, - C)e' + C e' (9.4) 
where a -4and eý are the applied load and elastic strain of the unreinforced matrix, i. e. 
OrA= Cme'. This equation allows the calculation of the internal stresses generated within a 
single inclusion as a result of an elastic strain misfit introduced by the external load. 
When we consider a finite number of inclusions constituting a volume fraction f, the mean 
stress can be calculated from the stress balance equation 9.1 and the mean stress of matrix and 
inclusion ((a)m and (a), ) are given by 
(a)m = fCm (S - I) {(Cm - Cl)[S -f (S - I)] - Cm I-(Cm - C, )e' (9.5) 
<or>, = -(l - f)C, (S - I) {(C, - C, )[S - f(S - I)] - C, 1 -'(C - C)e' (9.6) 
it should be noted that the average stresses are described by the total stressed volume 
averaged over a single phase. The average stresses in the matrix (am) and inclusions (a, ) 
are (a' + (a)m ) and (a' +(a), ) respectively. Under applied loading, the mean internal 
rnatrix stress is a useful parameter, because it expresses the extent of load transfer to or from 
the matrix. 
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9.3 Sensitivity Analysis 
The theory behind the Eshelby method was briefly described in the previous section. The 
following parameters are required for the model in this study: 
e Young's modulus of Al matrix and secondary phases; 
* Poisson's ratio of Al matrix and secondary phases; 
o Thermal expansion coefficient of Al matrix and secondary phases; 
Aspect ratio of the secondary phases; 
* Volume fraction of the secondary phases in different alloys; 
An lied and thermal load on the materials. Pp 
9.3.1 Sensitivity Analysis of Poisson's Ratio 
All of the data above can be obtained from the experimental results of nanoindentation and 
high-temperature XRD presented in Chapters 6-8, with the exception of the Poisson's ratio. 
Since no literature values exist for the Poisson's ratio of the intermetallic phases, a sensitivity 
analysis have been performed using Eshelby analysis. Nanoindentation data have been used to 
give the average reduced modulus of the intermetallic phases (149 GPa). The parameters used 
in the computations are listed in Table 9.1. It is reasonable to assume that the Poisson's ratio 
range in the intermetallic particles is between 0.12 and 0.25 according to the Si (v =0.17), 
which has similar properties to the intermetallics. Figure 9.1 shows the effect of varying the 
Poisson's ratio of the intermetallic particles on the internal stresses at an Al-Si system. It 
illustrates that the average intermetallic stresses remain almost the same up to v=0.25, and 
above this they increase slightly. However, the average matrix stresses are very consistent up 
to 0.33. Therefore, it can be concluded that the range of Poisson's ratios between 0.12 and 
0.25 is not very sensitive to the average matrix and intermetallic stresses. Thus, it can be 
assumed that a Poisson's ratio of 0.17 is a reasonable value to use to represent all of the 
intermetallic phases in Eshelby modelling. 
Table 9.1 Parameters used for the computations in sensitivity analysis of Poisson's ratio (v) 
Component Properties Value 
Al matrix Reduced modulus (GPa) 84.6 
Poisson's ratio 0.33 
Volume fraction, (1-fi 0.8 
Reinforcement Average reduced modulus (GPa) 149 
(Intermetallics) Poisson's ratio 0-0.33 
Volume fraction, f 0.20 
. 
Aspect ratio (length/width), s I 
, Ee mode jApplied load (MPa) 1170 
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Figure 9.1 Matrix and intermetallic stresses for an AI-Si system at varied Poisson's ratio, v 
9.3.2 Sensitivity Analysis ofReinforcement Volume Fraction (/) 
Reinforcement volume fraction is an important factor that influences the internal stresses and 
load transfer. Figure 9.2 shows the predicted variation of matrix and inten-netallic stresses 
with reinforcement volume fraction under an applied load of 170 MPa and containing an 
aspect ratio of unity (spherical intermetallics). The parameters used in the computations are 
listed in Table 9.2. From these curves, it is clear that both the average intermetallic and matrix 
stresses decrease with increasing the reinforcement volume fraction. 
The mean internal stress ) is defined as the difference between the average stress and 
external stress and is a useful parameter to express the effectiveness of the load transfer that 
takes place. A large mean matrix stress, corresponding to high reinforcement volume fraction, 
indicates more efficient load transfer from the matrix to the reinforcement. 
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Table 9.2 Parameters used for the computations in a sensitivity analysis of reinforcement volume fraction (f) 
Component Properties Value 
Al matrix Reduced modulus (GPa) 84.6 
Poisson's ratio 0.33 
Volume fraction, (1-f) 1-0 
Reinforcement Average reduced modulus (GPa) 149 
(Intermetallics) Poisson's ratio 0.17 
Volume fractionj 0-1 
Aspect ratio (length/width), s 1 
1170 
220 
210 
200 
190 
160 
150 
140 
130 
i0 Matrix S=l 
Figure 9.2 Matrix and intermetallics stresses for an A]-Si system at varied volume fractionj 
9.3.3 Sensitivity Analysis of the Aspect Ratio (s) 
In multicomponent Al-Si alloys, numerous complex intermetallics forrn with different 
morphologies, which appear needle-like or spherical etc. depending on the composition and 
heat treatment. Therefore, it is important to predict the effect of aspect ratio (length/wldth) on 
the internal stresses. The parameters used in the computations are listed in Table 9.3. Figure 
9.3 illustrates that the average intermetallic stresses increase significantly with increasing 
aspect ratio up to 5 and then increase only slightly between 5 and 10. The values are very 
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consistent after S =1 0. On the other hand, the average matrix stresses decrease with increasing 
aspect ratio, particularly S<5. It can be concluded that aspect ratios between I and 5 are very 
sensitive to both the average matrix and intermetallic stresses; however, when the aspect ratio 
is higher then 10 the stresses tend to become independent of the aspect ratio. 
Table 9.3 Parameters used for the computations in the sensitivity analysis of aspect ratio (s) 
Component Properties Value 
Al matrix Reduced modulus (GPa) 84.6 
Poisson's ratio 0.33 
Volume fraction, (I-J) 0.8 
Reinforcement Average reduced modulus (GPa) 149 
(Intermetallics) Poisson's ratio 0.17 
Volume fractionj 0.2 
Aspect ratio (length/width), s 0-20 
1170 
280 
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120 Average intermetalEc stresses 
Average matrix stresses 
AppEed load (1 70MPa) 
100 i........ 1...... 
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Figure 9.3 Matrix and intermetallics stresses for an AI-Si system at varied aspect ratio, s 
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9.4 Internal Stresses from Applied Loading 
In the Al-Si alloy system, it is important to predict the ability of the alloys to bear large 
external loads, which is strongly linked to the mechanical properties of the secondary phases, 
their volume fractions and aspect ratios. In mechanically loaded Al-Si alloys, the stress at 
each point of the material is simply the sum of the applied stress and internal stress. It is the 
difference in properties of the matrix and secondary phases when the both phases bear the 
applied stress that is responsible for load transfer taking place. First, the simple system of a 
binary Al-Si alloy is considered for Eshelby modelling. The parameters used in the 
computations are listed in Table 9.4. Figure 9.4 shows the predicted variation of the matrix 
and Si stresses with Si volume fraction under an applied load 170 MPa at two aspect ratios, I 
and 10. The mean matrix stress ((a),, ) is proportional to the silicon volume fraction, which 
indicates that more efficient external loading has been transferred elastically from the matrix 
to the Si particles with an increase in Si volume fraction. From these curves, it is clear that the 
Si stresses decrease linearly with Si volume fraction at an aspect ratio =1, while the non-linear 
curve appears at low Si volume fraction when the aspect ratio increases to 10, which indicates 
that the high aspect ratio is much more sensitive to low reinforcement volume fraction at 
increasing stresses. 
Table 9.4 Parameters used for the computations in internal stress from applied loading 
Component Properties Value 
Reduced modulus (GPa) 84.6 
Poisson's ratio 0.33 
Volume fraction, (1-1) 1-0 
Si Reduced modulus (GPa) 147.6 
Poisson's ratio 0.17 
Volume fractionj 0-1 
Aspect ratio (length/width), s 1,10 
1 170 
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Figure 9.4 Matrix and silicon stresses for the binary Al-Si system containing 
aspect ratios I and 10 at increasing volume fraction 
9.4.1 Internal Stresses of Intermetallic Phases 
In n-lulticomponent Al-Si alloys, the intermetallic phases have different elastic constants from 
those of the matrix; therefore, large elastic inhomogeneities can be formed in the system. 
Figure 9.5 shows the internal stresses of different intermetallic phases under an applied load 
of 170 MPa. The parameters used in the computations are listed in Table 9.5. All the internal 
intermetallic stresses (dashed lines) decrease with increasing volume fraction. The a- 
AlFeMnSi phase has the largest internal stresses, 206 MPa at f =0.25, and indicates that a 
large load has been transferred effectively from the Al matrix to the phase. The AIN2, 
Al7Cu4Ni and AlgFeNi phases also show high stresses between 205 and 202 MPa at f =0.25, 
which are quite similar to the a-AlFeMnSi phase. Si seems to have less internal stress, 197 
J\4Pa atf =0.25, due to the lower elastic modulus although it possesses the very high hardness 
of II GPa. On the other hand, the A15CU2Mg8Si6 and A1, Cu phases have much lower internal 
stresses, 181 and 185 MPa atf =0.25, which indicate that only a small load can be transferred 
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from matrix to the phases. It can be concluded that elastic modulus dominates the magnitude 
of internal stresses in the alloys. 
Table 9.5 Parameters used for the computations of internal stress of intermetallic phases 
Component Properties Value 
Al matrix Reduced modulus (GPa) 84.6 
Poisson's ratio 0.33 
Volume fraction, (1 0.75-0.99 
Intermetallic phases Reduced modulus (GPa): 
(Si, AlFeMnSi, A13Ni,, A17CU4Ni, AlgFeNi, AI, Cu, 147.6,175.3,170.7,163.7, 
and A15CUIM98Si6) 161.5,109.7 and 117.8 
Poisson's ratio 0.17 
Volume fractionj 0.01-0.25 
Aspect ratio (length/width), s I 
The model alloy jApplied load (MPa) 170 
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Figure 9.5 Internal stresses of intermetallic phases for a multicomponent AI-Si alloy 
at increasing volume fraction 
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9.4.2 Effect ofAspect Ratio on Internal Stresses ofIntermetallic Phases 
As mentioned previously, different phases appear in different morphologies, which have a 
significant influence on mechanical properties. In previous sections, the sensitivity analysis 
indicated that the internal stresses of the intermetallics and matrix tend to become less 
sensitive to aspect ratio when Sý>10. Therefore, this is a reasonable value for the Eshelby 
model to predict the effect of aspect ratio on the internal stress of interinetallic phases. The 
parameters used in the computations are listed in Table 9.6. Figure 9.6 shows the internal 
stresses of intermetallic phases increase significantly at S=10 compared with S=l, as shown in 
Figure 9.5. Clearly, the sequence of the internal stress in intermetallic phases is the same as 
S=I, but the magnitude is very different. For example, the high modulus intermetallics (a- 
AlFeMnSi, A13Ni2, A17Cu4Ni, and AlgFeNi) increase by - 60 MPa in their internal stresses 
while the low modulus intermetallics (Al5CU2Mg8Si6 and A12CU) only increase by - 20 MPa. 
It should be noted that a low volume fraction of intermetallics (>0.15) has a more significant 
effect on the increase in the internal stresses. It can be concluded that large internal stresses 
are formed predominately in high aspect ratio phases, which can result in microcracking. 
Table 9.6 Parameters used for the computations in internal stress of intermetallic phases at a high aspect ratio 
Component Properties Value 
XI -matrix Reduced modulus (GPa) 84.6 
Poisson's ratio 0.33 
Volume fraction, (I-J) 0.75-0.99 
Intermetallic phases Reduced modulus (GPa): 
(Si, AlFeMnSi, Al3Ni2, A17Cu4Ni, AlgFeNi, A12CI4 147.6,175.3,170.7,163.7, 
and AIsCU2Mg8Si6) 161.5,109.7 and 117.8 
Poisson's ratio 0.17 
Volume fractionj 0.01-0.25 
- 
lAspect ratio (length/width), s 10 
-j: ýe -mo(Te-l-a7llo 7 jApplied load (MPa) 170 
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9.4.3 Effect of High Temperature on Internal Stresses in Intermetallic Phases 
N4echanical properties are temperature dependent. Therefore, it is important to predict the 
internal stresses of the intermetallics and matrix at elevated temperatures. All the parameters 
used in the computations are listed in Table 9.7 the most important of which is the reduced 
modulus of phases at 200'C obtained from high temperature nanoindentation, see Chapter 7. 
Figure 9.7 shows the effect of high temperature on the internal stresses of the inten-netallics 
and matrix, and indicates that the internal stresses of all inten-netallic phases increase slightly 
at 200cC compared with those at room temperature, as shown in Figure 9.5. The AbN12 phase 
possesses the largest internal stress of all intermetallic phases, following by the a-AlFeMnSi, 
Al7Cu4Ni and then AlqFeNi. These high modulus phases have an increase of 12-23 MPa, 
depending on their volume fraction, from room temperature to 200'C. The internal stress of Si 
has the smallest increase of 6-10 MPa with increasing temperature, which illustrates a smaller 
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elastic misfit between the two phases. The A12CU phase has the lowest internal stresses, but 
exhibits a higher increase of 18-28 MPa fTom room temperature to 200'C. According to the 
predictions above, it can be concluded that the internal stresses of the intermetallic phases 
increase as temperature increases due to an increase of elastic misfit between the matrix and 
intermetallics at the elevated temperature. 
Table 9.7 Parameters used for the computations of internal stress of intermetallic i)hases at 200')C. 
Component Properties Value 
Al matrix Reduced modulus (GPa): 2001C 55.4 
Poisson's ratio 0.33 
Volume fraction, (I-J) 0.75-0.99 
Intermetallic phases Reduced modulus (GPa): 2000C 
(Si, AlFeMnSi, AIN2, A17CU4Ni, AlgFeNi, A12Cu, 110.8,146.0,151.5,139.6, 
and A15CU2Mg8Si6) 137.7,101.2 and 112.7 
Poisson's ratio 0.17 
Volume fractionj 0.01-0.25 
, Aspect ratio 
(length/width), s 
The model alloy jApplied load (MPa) 
ýI 
70 
250 
240 
230 
220 
210 
200 
190 
180 
170 
160 
150 
AlFeMnSi-M 
....... AlFeMnSi-l 
Al3Ni2-M 
------- Al3Ni2-l 
-A 17Cu4. Vi-. V 
---- Al7Cu4Ni-I 
- Al9FeNi-M 
------- Al9FeNi-l 
si-m 
si-I 
A15Cu2Mg8Si6-M 
-'Al5Cu2Mg8Si6-I 
- A12Cu-M 
------- Al2Cu-l 
- Applied load 
Volume fraction, f 
Figure 9.7 Internal stresses of intermetallic phases for the multicomponent AI-Si 
alloy system at 200'C with increasing volume fraction 
235 
0 0.05 0.1 0.15 0.2 0.25 
Chapter 9 Micromechanical Modelling 
9.4.4 The Combined Effect of High Temperature and High Aspect Ratio 
Figure 9.8 shows the internal stresses of the intermetallics and matrix at 200'C with an aspect 
ratio of 10. The parameters used in the computations are listed in Table 9.8. The predicted 
results illustrate that the Al3Ni2 phase presents the highest internal stress from 450 MPa at 
f--0.01 to 315 MPa atf--0.25 and has a significant increase of 228 MPa atf--0.01 and 110 MPa 
atf--0.25 compared with Figure 9.5 (at room temperature with aspect ratio 1). The following 
high internal stresses of intermtallic phases are (x-AlFeMnSi, A17Cu4Ni and AlqFeNi, which 
also has a significant increase of around 200 MPa atf--0.01 and 100 MPa atf--0.25. On the 
other hand, the Si, Al5CU2Mg8S16 and A12CU phases have lower internal stresses from around 
217 MPa atf--0.01 to 200 MPa atf--0.25, which indicate less sensitivity to the lower volume 
fraction. It can be concluded that this combination effect can provide the largest internal 
stresses in intermetallic phases, particularly in high modulus intermetallics with a low volume 
fraction. 
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Table 9.7 Parameters used for the computations of internal stress of intermetallic phases at 2001C with S=10 
Component Properties Value 
Al matrix Reduced modulus (GPa): 2001C 55.4 
Poisson's ratio 0.33 
Volume fraction, (I-J) 0.75-0.99 
Intermetallic phases Reduced modulus (GPa): 200"C 
(Si, AlFeMnSi, A13Ni2,, A17Cu4Ni, AlgFeNi, A12CU, 110.8,146.0,151.5,139.6, 
and AlsCU2Mg8Si6) 137.7,101.2 and 112.7 
Poisson's ratio 0.17 
Volume fraction, f 0.01-0.25 
jAspect ratio (length/width), s 10 
The model alloy jApplied load (MPa) 
1170 
9.5 Internal Stresses in Different Alloys 
So far the stress in different intermetallic phases arises from an elastic misfit between the two 
regions. However, it is also important to consider the combined effect of many different 
intermetallics in a particular alloy on the internal stress. Six different alloys were used for 
predictions of the internal stresses. Alloys 4,8 and 10 contain high concentration of Mn, Ni 
and Cu and alloys 25,26 and 27 have a variation in Si content together with high Cu and Ni 
contents. The compositions of the alloys are given in Tables 3.1 and 3.2. Prior to these 
calculations, the data for a weighted average has to be provided for Eshelby modelling. The 
amount of each phase and the reduced modulus in each phase can be obtained from the 
thermodynamic modelling and nanoindentation tests, as given in Table 9.8. According to 
these data, the weighted average of the reduced modulus in each alloy at the different 
temperatures can be calculated using Equation 9.7 and is given in Table 9.9. 
(vil I vt) x Mil + (V12 / Vs) X Mi2 +*, *"* (VY / Vt) X MY ý Mave 
(9.7) 
where Vj, and Vt are the percentage of each intermetallic and total intermetallic phases in the 
rnodel alloy, respectively. M,,, and M, are the weighted average and each intermetallic of the 
reduced modulus. 
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Table 9.8 Percentages at different alloys and reduced modulus of the phases at different temperatures 
Percentage Si Alpha Al3Ni AIqFeNi A12CU X 
Total A13Ni2 A17Cu4Ni 
particles 
Alloy 4 8.3 10.1 0.1 - 18.5 
Alloy 8 9.5 0.4 4.3 9.4 - 23.6 
Alloy 10 9.4 0.6 --9.3 - -- 19.3 
Alloy 25 11.8 0.3 - 4.4 2.1 6.6 1.6 26.8 
Alloy 26 6.0 0.2 - 2.6 - 1.9 9.3 - 20.0 
Alloy 27 9.2 0.3 - 2.5 2.3 - 14.3 
Reduced Si Alpha A13Ni AIqFeNi A12Cu I A13Ni2 A17Cu4Ni Al 
Modulus 
I 
25*C 1 147.6 175.3 161.5 161.5 109.7 117.8 170.7 163.7 84.6 
200*C 110.8 146 137.7 137.7 101.2 112.7 151.5 139.6 55.4 
Table 9.9 A weighted average of reduced modulus for each alloy in different temperatures 
Percentage of 2nd phases Average Er at 250C Average Er at 200*C 
Alloy 4 18.5 162.79 130.16 
Alloy 8 23.6 156.13 127.01 
Alloy 10 19.3 130.19 107.26 
Alloy 25 26.8 154.50 127.50 
Alloy 26 20.0 157.59 133.75 
Alloy 27 14.3 145.81 116.54 
The parameters used in the computations are listed in Table 9.10. Figure 9.9 shows the 
internal stress of the matrix and intermetallics in different alloys. Alloys 4 and 26 exhibit the 
higher internal particle stresses of 206 MPa and 204 MPa, respectively, which are attributed 
to higher volume fractions of the stiffer phases (10.1% of a-AlFeMnSi in alloy 4 and 9.3% of 
Al3Ni2 in alloy 26). However, alloy 10 has the smallest internal particle stress (193 MPa) due 
to a high volume fraction of the softer phase (Al2CU)- 
On the other hand, since a higher volume fraction of secondary phases (26.8%) is present in 
alloy 25, a lower internal matrix stress (- 159 MPa) can be obtained and indicates the 
effectiveness of the load transfer taking place. However, alloy 10 shows a higher internal 
niatrix stress (-164 MPa), which results in a reduced load transfer from the matrix to the 
particles. According to the predictions above, it is reasonable to assume that the weighted 
average modulus and volume fraction of the secondary phases are important parameters to 
determine the internal stresses of the alloys. 
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Table 9.10 Parameters used for the computations of internal stresses in each alloy 
Component Properties Value 
Al matrix Reduced modulus (GPa) 84.6 
Poisson's ratio 0.33 
Volume fraction, (I-J) 0.815,0.764,0.807,0.732, 
10,25,26 and 27) 0.80,0.857 
Intermetallic phases Weighted average reduced modulus (GPa): 162.8,156.1,130.2,154.5, 
(Alloy 4,8,10,25,26 and 27) 157.6 and 145.8 
Poisson's ratio 0.17 
Volume fractionj 0.185,0.236,0.193,0.268, 
(Alloy 4,8,10,25,26 and 27) 0.20, and 0.143 
(length/width), s I 
The alloys Applied load (MPa) 170 
210 - 
205 
200 
195 
190 
185 
Alloy 
Figure 9.9 Internal stresses of the matrix and intermetallics in different alloys 
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9.5.1 Internal Stresses of Different Alloys at the Elevated Temperature 
Another aspect of interest is to predict the effect of temperature on the internal stresses of the 
matrix and interinetallics in different alloys. The parameters used in the computations are 
listed in Table 9.11. Figure 9.10 shows the internal stresses of the matrix and intermetallics in 
different alloys at the elevated temperature. Alloys 4 and 26 still exhibit higher internal 
particle stresses (-217 MPa) due to the presence of phases with high stifffiess. However, alloy 
10 exhibits the lowest internal particle stress (206 MPa). Clearly, the curve at 200'C shows a 
similar trend to that at room temperature, with an increase of 9-11 MPa and a decrease of 2-4 
MPa in the internal particle stresses and matrix stresses, respectively. 
m Intermetallic stress ' 
m Matrix stress - 178 
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Table 9.11 Parameters used for the computations of internal stresses in each alloy at 2000C 
Component Properties Value 
Al matrix Reduced modulus (GPa): 200*C 55.4 
Poisson's ratio 0.33 
Volume fraction, (I-J) 0.815,0.764,0.807,0.732, 
(Alloy 4,8,10,25,26 and 27) 0.80,0.857 
Intermetallic phases Weighted average reduced modulus (GPa): 200*C ' 130.1,127.0,107.2,127.5, 
(Alloy 4,8,10,25,26 and 27) 133.7, and 116.5 
Poisson's ratio 0.17 
Volume fractionj 0.185,0.236,0.193,0.268, 
(Alloy 4,8,10,25,26 and 27) 0.20, and 0.143 
length/width), s I 
The model alloys Applied load (MPa) 170 
220 
210 - 
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--- 25*C-1 
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Figure 9.10 Internal stresses of the matrix and intermetallics in different alloys at elevated temperature 
9.5.2 Internal Stresses of the Alloys with High Aspect Ratio 
Figure 9.11 shows the internal stresses of the alloys with a higher aspect ratio (s=10). The 
parameters used in the computations are listed in Table 9.11. The curves at s=10 exhibit a 
similar tendency to those with an aspect ratio of 1, as shown in Figure 9.10, and indicate a ZD 
significant increase of 40-68 MPa and 67-94 MPa in particle stresses at room temperature and 
200'C, respectively. Additionally, a large drop of 9-18 MPa and 14-27 MPa of the internal 
matrix stresses at room temperature and 200'C. These results indicate that phases with a 
higher aspect ratio can significantly influence the internal stresses of alloys. As expected, the 
largest internal stress in alloys occurs at the elevated temperature when combined with a high 
aspect ratio. 
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Table 9.12 Parameters used for the computations of internal stresses of each alloy at 200'C with S= 10 
Component Properties Value 
Al matrix Reduced modulus (GPa): 200*C 55.4 
Poisson's ratio 0.33 
Volume fraction, (I-J) 0.815,0.764,0.807,0.732, 
(Alloy 4,8,0,25,26 and 27) 0.80,0.857 
Intermetallic phases Weighted average reduced modulus (GPa): 200'C 130.1,127.0,107.2,127.5, 
(Alloy 4,8,10,25,26 and 27) 133.7, and 116.5 
Poisson's ratio 0.17 
Volume fractionj 0.185,0.236,0.193,0.268, 
(Alloy 4,8,10,25,26 and 27) 0.20, and 0.143 
(length/width), s 10 
The model alloys Applied load (MPa) 
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9.6 Thermal Stresses from Thermal Loading 
The stress in the individual intermetallic phases and in different model alloys arising from 
elastic inhomogeneities between the two regions have been calculated in sections 9.4 and 9.5. 
However, it is also of importance to study the thermal residual stresses in the intermetallic 
phases and matrix. Then-nal residual stresses can have a significant influence on mechanical 
behaviour, especially during the early stages of deformation [Cly93]. The presence of thermal 
residual stresses in the multicomponent Al-Si alloys is due to the difference in coefficients of 
thermal expansion between the intermetallic phases and matrix, which build up substantial 
residual stresses on cooling from the fabrication temperature. The CTEs of inten-netallic 
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phases have been characterised by high-temperature XRD, as discussed in Chapter 7. Table 
8.19 provides a list of the CTEs of all phases and this indicates that the matrix has the greater 
CTE, which is in tension, while the intermetallic phases have the lower CTEs and are in 
compression. Some of the intermetallics also possess a marked thermal expansion anisotropy 
(TEA), which may lead to large residual stresses along different crystallographic directions. 
9.6.1 Effect of the Reinforcement Volume Fraction and Aspect Ratio 
It is important to predict how large residual stresses arise from thermal loading as the 
reinforcement volume fraction and aspect ratio are varied. First, the simple binary Al-Si alloy 
system is considered for Eshelby modelling. The parameters used in the computations are 
listed in Table 9.12. Figure 9.12 shows the predicted variation of matrix and Si stresses with 
Si volume fraction after a 500'C temperature drop for two aspect ratios 1 and 10. The matrix 
stress is proportional to the Si content, which indicates that more efficient thermal loading has 
been transferred elastically from the matrix to Si with an increase in Si volume fraction. From 
these curves, it is clear that the stresses increase linearly with Si volume fraction when the 
aspect ratio =1, while a non-linear curve appears at low Si volume fraction when the aspect 
ratio increases to 10, which indicates that the high aspect ratio is much more sensitive to low 
reinforcement volume fraction when the stresses are rising. 
Table 9.12 Parameters usect tor ttie computations ot- thermal stresses tor e binary AI-Si system 
Component Properties Value 
Al matrix Reduced modulus (GPa) 84.6 
Poisson's ratio 0.33 
Volume fraction, (I-J) 1-0 
Coefficient of thermal expansion (ppnv'C) 24.7 
Si Weighted average reduced modulus (GPa) 147.6 
Poisson's ratio 0.17 
Volume fraction, f 0-1 
Aspect ratio (lengtblwidth), s 1,10 
- 
Coefficient of thermal expansion (ppm/*C) 
- 
3.68 
The model alloy 
FT hermal load (temperature drop) T 50-0-C 
242 
Chapter 9 Micromechanical Modelling 
300 
200 
100 - 
0 
cz 
E 
a 
100 
u 
-200 
-300 
-400 4- 
0 
----------------------- 
Matrix S=l 
Silicon S=l 
0 Matrix S=10 
0 Silicon S=10 
0.2 0.4 0.6 0.8 
Volume friction, f 
Figure 9.12 Thermal stresses of the matrix and intermetallics for the Al-Si system at S= I and 10 
9.6.2 Thermal Stresses in Different Intermetallic Phases 
In the multicomponent Al-Si alloy system, all the different phases have to be taken into 
account to predict the effect of the thermal stresses, and consequent formation of then-nal 
cracks as discussed in Chapter 8, all of which will be discussed here. The parameters used in 
the computations are listed in Table 9.13. An aspect ratio of I was used for the modelling 
since it is reasonable to assume that all secondary phases are randomly distributed in the 
system. The volume fractions from 0.1 to 0.25 are sensible values for the real alloy system. 
Figure 9.13 shows the prediction of the then-nal stresses in different interinetallic phases. 
Silicon has the largest thermal stress under the temperature drop, which makes the largest load 
transfer from matrix to Si particles and results in stresses which exceed the tensile strength of 
Si, leading to extensive cracking, as was observed in Section 8.5. On the other hand, the 
AlgFeNi phase exhibits the largest thermal stress difference between the a- and c- axes due to 
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the presence of a significant thermal expansion anisotropy, which makes crack formation 
easier. AIN exhibits higher thermal stresses along the c- axis and also shows a large thermal 
stress difference between the axes due to the effect of thennal expansion anisotropy. These 
combined effects can lead to a large contribution to the cause of cracking. However, A12CU 
has lower thermal stresses along both the a- and c- axes, which makes the lowest load transfer 
to the phase and also it behaves in ductile way, leading to no cracks occurring, although it has 
some thermal stress difference between the axes. The a-AlFeMnSi phase exhibits a large 
thermal stress and was observed to crack easily. However, the AlCuNi phases allow a higher 
thermal load transfer without any cracking occurring. This can be explained by the intrinsic 
properties of the AlCuNi phases (less brittleness) and to a lesser extent the effect of thermal 
expansion anisotropy. 
'Irahli- Q-IA Pqrnrneter. q imed for the enmniitatinnq of tbermal stresses for the Tnulticnrrmnnent Al-Ri allovs 
Component Properties Value 
Al matrix Reduced modulus (GPa) 84.6 
Poisson's ratio 0.33 
Volume fraction, (I-J) 1-0.75 
Coefficient of thermal expansion (ppm/*C) 24.7 
Intermetallic phases Weighted average reduced modulus (GPa) 147.6 
Poisson's ratio 0.17 
Volume fractionf 0-0.25 
Aspect ratio (length/width), s 1,10 
Coefficient of thermal expansion (ppmrC) 
(Si, AlFeMnSi, A12Cu, A13M, AlgFeNi, A13Ni2, and 3.68,15.84,15.01,10.58, 
A17Cu4Ni) 23.22,12.20, and 12.15 
The model alloy Thermal load (temperature drop) 1500-C 
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Figure 9.13 A comparison of thermal stresses of the matrix in different intermetallic phases 
9.7 Summary 
The Eshelby method has been used to predict the internal stress of the matrix and intermetallic 
particles under the different loading mechanisms. Under applied loading, the mean matrix 
stress ((cr), ) is proportional to the volume fraction of secondary phases, which indicates that 
more efficient external loading has been transferred elastically from the matrix to the 
intermetallic phases. The predictions indicate that AlFeMnSi, A13NI2, Al7Cu4Ni and AlqFeNi 
have a larger load transfer, while A15CU2Mg8SI6 and A12Cu have lower one. The internal 
stresses increase as the temperature and aspect ratio increase due to a large increase of elastic 
misfit. Under thermal loading, Si has a large thermal misfit, which corresponds to it being the 
most easily cracked particle. Both the AlqFeNi and AIN phases exhibit a thermal expansion 
anisotropy effect, which provides a large thermal stresses between the axes of the phases. A 
higher proportion of stiffer secondary phases is believed to reduce particle cracking due to 
load transfer effects reducing the particle thermal stresses. The combination of thermal 
characterisation, as discussed in Chapter 9, and modelling will allow the development of new 
alloys with improved properties. 
0.3 
245 
Chapter 10 Conclusions and Further Work 
CHAPTER 10 
CONCLUSIONS AND FURTHER WORK 
10.1 Conclusions 
The main focus of this work was to develop a complete understanding of the formation, 
mechanical and physical properties of a large number of complex intermetallic phases in 
multicomponent AI-Si alloys. In Chapter 4, thermodynamic modelling has been identified as a 
reliable technique for predicting the occurrence of secondary phases in both equilibrium and 
non-equilibrium alloys. Phase formation has also been observed by using high temperature 
DSC, and the results are in reasonable agreement with the predictions of thermodynamic 
calculations. 
For microstructure characterisation, a combination of EBSD and EDX has been used for the 
identification of the complex interinetallic phases in multicomponent AI-Si alloys (Al2CU, 
AIN2, Al7Cu4Ni, AlgFeNi, a-AlFeMnSi and X-Al5CU2Mg8Si6). It has been shown that the 
simultaneous use of both techniques results in significantly better phase discrimination. 
Benefits are that phases such as Al3Ni2 and Al7Cu4Ni, which have a similar crystal structure 
and composition, can be better distinguished by using a combination of EBSD and EDX. In 
respect of fatigue behaviour, a higher proportion of stiffer secondary phases is believed to 
offer improvements in fatigue resistance due to load transfer effects reducing particle cracking 
and particle/matrix debonding. The AlgFeNi particles have been observed to play an 
influential role in fatigue crack initiation due to their higher modulus/hardness ratio (stiffer 
but lower strength). X-ray tomography has been used to generate 3D images for the 
observation of some of the intermetallics (a-AlFeMnSi, A12Cu,, A17CU2Fe, AIN, AlgFeNi, 
and AlCuNi). A variety of experimental techniques have been described in Chapter 5 to better 
understand the crystal structure, chemistry and morphologies of the various intermetallic 
phases which can form in multicomponent AI-Si alloys. 
In respect of mechanical properties, the hardness and the reduced modulus of all intermetallic 
phases at the different temperatures have been investigated by hot-stage nanoindentation tests. 
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The results indicate that the hardness increases as the Ni content increases in the AlCuNi 
phases (Al3Ni2 > Al7Cu4Ni > A12CU) at different temperatures. The elastic modulus can be 
correlated with the formation temperature of the intermetallic phases. The intermetallic phases 
with a high heat of formation have a tight binding between atoms, and therefore their elastic 
modulus should be higher. The Si and a-AlFeMnSi phases possess good high temperature 
strength up to 350'C, which correspond to their good creep resistance. The Ni containing 
phases (Al3Ni2 and A17Cu4Ni) have good high temperature stability up to 200"C, but this 
drops significantly at 350'C. This also corresponds to the degree of their creep effect, 
indicating that a phase exhibiting high creep results in a lower hardness with increasing 
temperature. The ), -Al5CU2Mg8Si6 phase has the smallest decrease of the hardness and 
modulus up to 350'C, which corresponds to its good creep resistance. The A12CU phase has 
the most significant creep effect at the elevated temperatures, which is correlated with its 
lower mechanical properties, particularly at 350'C. 
For thermal expansion, the thermal expansion mismatch between the Al matrix and ei 
particles resulted in cracking being observed during fast cooling. The lattice parameters 
generally changed linearly with increasing temperature for all phases apart from the 
monoclinic AlqFeNi phase, along the a- and c-axes, which also demonstrated anisotropic 
behaviour and microcracking. The a-AlFeMnSi particle cracking appears to be mainly a result 
of its intrinsic brittleness, and not due to a large thermal expansion misfit. Both the AlgFeNi 
and AIN phases exhibit a thermal expansion anisotropy effect, which provides a large 
thermal stresses between the axes of the lattices. 
Finally, micromechanical modelling predicted that the a-AlFeMnSi, Al3Ni2, Al7Cu4Ni and 
AlqFeNi phases have a larger load transfer compared to the A15CU2Mg8Si6 and A12CU phases. 
A higher proportion of stiffer secondary phases is believed to reduce particle cracking due to 
load transfer effects reducing the particle thermal stresses, and therefore is likely to benefit 
fatigue resistance. 
The properties of all intermetallic phases have been thoroughly characterikd in this work, 
which should facilitate the development of new alloys with improved properties. Therefore, 
the implications of the research for alloy design of high performance pistons are discussed in 
next section. 
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10.2 An Alloy Design Solution for High Performance Pistons 
As higher temperatures and pressures are required in next generation of engines, the concept 
of alloy design becomes increasingly important for automotive pistons in order to improve 
mechanical properties, particularly for high temperature strength and fatigue resistance. This 
section draws together the research in previous chapters with the aim of designing an ideal 
piston alloy to achieve these requirements according to the properties of intermetallics 
obtained in this research. 
Si plays an important role in providing good castability (-12 wt. %) of an Al-Si alloy system 
and also can reduce the clustering of secondary phases, particularly in multicomponent Al-Si 
alloys. The Si and a-AlFeMnSi phases both have good high temperature stability and good 
creep resistance. However, they behave in a brittle fashion, which may lead to crack 
propagation. The AlCuNi phases (Al3Ni2 and A17Cu4Ni) are potentially desirable phases as 
they possess good mechanical properties up to 200'C, effective load transfer, a lower thermal 
misfit and no thermal expansion anisotropy effect. AlqFeNi has more influence in fatigue 
crack initiation due to a higher modulus/hardness ratio (higher stifffiess and lower strength). It 
also has a significant thermal expansion anisotropy effect, which leads to the formation of 
thermal cracks. X-Al5CU2Mg8Si6 has the smallest decrease of mechanical properties up to 
350'C which corresponds to the best creep resistance. Thus, it is a desirable phase for alloy 
design in particular for high creep resistance required from piston alloys. However, A12CU is 
an undesirable phase for alloy design since it exhibits the lowest mechanical properties in all 
intennetallics up to 350'C and also has a significant creep effect, particularly at elevated 
temperatures. The benefits and shortcomings of these intermetallic phases are summarised in 
Table 10.1. 
Table 10.1 Benefits and shortcomings of the different intermetallic phases 
Benefit Shortcoming 
Si 
Good high temperature stability, good Fatigue cracks, thermal cracks castability, good creep resistance 
a-AlFe. M". nSi 
Good high temperature strength, Fatigue cracks good creep resistance 
"AlCuNiý' 
Good high temperature strength, good 
fatigue resistance 
AIi IqFeNi 
Fatigue cracks, thermal cracks and high 
thermal expansion anisotropy 
X-Al5Cu2Mg8S4 
Good creep resistance at elevated 
temperatures 
Lower mechanical properties and 
A12Cu significant creep effect at elevated 
temperatures 
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Therefore, an ideal alloy has been established, according to the properties of intermetallics 
and calculations by a combination of equilibrium thermodynamic calculations and Eshelby 
modelling. An ideal content of Si would be around 12% (eutectic Si), as it provides a shorter 
freezing range for improved castability and a reduction in the formation of porosity and 
clustering of secondary phases, although it is sensitive to formation of cracks, which could be 
improved by modifiers e. g. strontium, sodium and antimony. As mentioned earlier, AlCuNi 
and X-Al5CU2Mg8Si6 are desirable phases due to their greater high temperature strength, good 
fatigue resistance and creep resistance. Therefore, thermodynamic calculations have been 
used to predict how large an amount of these phases can be formed. Ni, Cu and Mg are crucial 
elements to determine formation of these phases and their mass fractions in multicomponent 
systems. 
An ideal composition of a piston alloy for high temperature strength, good fatigue resistance 
and good creep resistance can be seen in Table 10.2, which contains 12.5 wt. % Si with Cu, Ni 
and Mg contents 5.5 wt. %, 3.0 wt. % and 2.5 wt. % respectively. This composition is a result 
of a number of calculations, which have allowed the determination of limits for each element, 
in order to ensure that the correct combination of phases results, and that undesirable phases 
are avoided. For example, the Cu content should be at least - 5.5 wt. % in order to avoid 
formation of A12CU, which forms at lower Cu content, similarly, the Ni content should be at 
least - 3. Owt. % to avoid formation of AlqFeNi. The Mg content should be at least - 2.5 wt. % 
to avoid formation Of M92Si. which has poorer mechanical properties compared to 
A15CU2Mg8Si6- 
Figure 10.1 shows the thermodynamic calculation from this composition and illustrates a 
large amount of the Al3Ni2 phase (11.14 wt. %), which possesses a good high temperature 
strength and good fatigue resistance and the X-Al5CU2Mg8Si6 phase at 7.97 wt. %, which 
provides good creep resistance. The total amount of secondary phases in the designed alloy is 
29.41 wt. %. Figure 10.2 also shows the internal stresses predicted by Eshelby modelling in 
different model alloys compared with the newly designed alloy. The designed alloy has a 
lower average matrix stress at both room temperature and high temperature, which indicates a 
large load transfer from the matrix to the secondary phases and also a reduction in reduce the 
internal stresses of the secondary particles. 
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The main differences between the designed alloy and current commercial alloys are the Mg 
content, which has been approximately doubled, and an increase of 1-2 wt. % in the Cu 
content. Further modifications could be made to this composition, particularly with respect to 
grain refining additions (e. g. Ti) and possibly with respect to modifiers (e. g. Na and Sr) to 
further improve the morphology of phases present within the microstructure. 
Table 10.2 Composition of an alloy designed for high performance pistons (wt. % 
Al Si mg Cu Ni Mn Fe 
76.5 12.5 2.5 5.5 3.0 
Mass fraction of predicted phases in the designed alloy (at 300'C) 
Phases Si AIN2 A15CU2Mg8Sib 
Wt. % 10.30 11.14 7.97 
2.0 
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0.5 
cm 
cu 
m 
X- 0.0 
m 
-0.5 
0 
-1.0 
-1.5 
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Figure 10.1 Thermodynamic prediction of an ideal alloy for high performance pistons 
250 
Chapter 10 Conclusions and Further Work 
170- 
ým Room Temperature 
-1 0 High Temperature 
- 165 
CL 
160 
j; 155 
150 
145 
Alloy 
i- 
Design 
Figure 10.2 Mean matrix stresses of different model alloys compared with that of the designed alloy 
10.3 Further Work 
A number of areas for future work have been identified as a result of this research. These are 
discussed below. 
With regard to phase characterisation, the AlCuNi phases (Al7Cu4Ni and A13Ni2) have a very 
similar crystal structure and therefore cannot be discriminated easily by EBSD alone. Indeed, 
the AlCuNi are complex phases and have different stacking sequences within crystal 
structures (Al7Cu4Ni has long range order). The length of the repeat units of the stacking 
sequence in the phases can be changed by changing the Cu: Ni ratios, resulting in the supercell 
becoming either hexagonal or rhombohedral. It is also believed that additional elements can 
affect the stacking sequence of the lattice. Therefore, more work is required to investigate the 
quasicrystalline transition in the AlCuNi phases. 
In the area of nanoindentation, further work is required to look at the size and shape of 
residual indentations using atomic force microscopy (AFM) and pile-up or sink-in effects in 
different intermetallic phases, which can be obtained from AFM images of the indents. It is 
would also be interesting to make a comparison between the hardness determined by 
conventional nanoindentation with that measured using a direct AFM image. Focused ion 
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beam (FEB) and TEM are required to observe the residual indents which may provide 
information on the plastic deformation mechanisms, and also to examine the possibility of 
phase transformation under the indenter, particularly in the Si and A12CU phases. Further work 
is also required to investigate the high temperature behaviour of the AlCuNi phases, in 
particular the A12CU, which exhibits a high creep rate behaviour. 
For the thermal expansion and micromechanical. modelling, there are three main areas which 
need ffirther investigation. Firstly, the thermal expansion anisotropy of the AlgFeNi phase has 
to be investigated. Secondly, residual stress might be the cause of an unexpected failure of a 
technical component in a mechanical construction. Thus, finther X-ray diffraction analysis is 
required for residual stress measurements. Residual stresses are present in different phases, 
which provide vital information for an alloy design. The Eshelby modelling is further required 
to predict the combined effect of the applied load and thermal load mechanisms. Finally, it 
will be exciting to cast the newly designed piston alloy and evaluate its microstructure, 
mechanical and physical properties compared to the current generation of alloys. 
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Alloy 25 (After DSC tests) - Figure 5.39 
C This program aims to correct 'incorrect' identification of Al and Si 
C by combining the EDX data with EBSD phase id data 
C 
INTEGER I, NPOINTS, ANGDAT, EDXDAT, ANGOUT 
INTEGER MG, AL, SI, MN, FE, NI, CU, PHASE 
INTEGERINTEN 
REAL X, Y, X2, Y2, PHI, PHIl, PH12, IQ, CI, TOL 
c 
TOL = LOE-6 
c 
ANGDAT=8 
EDXDAT=9 
ANGOUT=10 
c 
OPEN (UNIT=ANGDAT, FILE='alloy 25-2305. ang!, STATUS='OLD') 
OPEN (UNIT=EDXDAT, FILE='alloy 25-2305. txt', STATUS='OLD') 
OPEN (UNIT=ANGOUT, FILE='alloy 25-2305-out. ang') 
c 
C Need to put number of rows at the start of the file 
READ(ANGDAT, *) NPOINTS 
c 
DO 10 1=1, NPOINTS 
READ(ANGDAT, *) PHIl, PHI, PHI2, X, Y, IQ, CI, 
& PHASE, INTEN 
READ(EDXDAT, *) X2, Y2, MG, AL, SI, MN, FE, NI, CU 
C 
IF ((ABS(X-X2). GT. TOL). OR. (ABS(Y-Y2). GT. TOL)) THEN 
WRITE(6, *)X or Y values do not match up' 
WRITE(6, *) X, X2, Y, Y2 
STOP 
END IF 
C 
C This routine switches the Si and Al depending which is larger 
C 
IF (SI. GT. 1000) THEN 
PHASE =1 
END IF 
IF ((AL. GT. 1500). AND. (Mg. LT. 80)) THEN 
PHASE =2 
END IF 
IF ((NI. GT. 100). AND. (CU. GT. 90). AND. (Mg. LT. 80)) THEN 
PHASE =3 
END IF 
IF ((NI. GT. 70). AND. (CU. LT. 50). AND. (FE. GT. 20)) THEN 
PHASE =4 
END IF 
IF ((MG. GT. 100). AND. (SI. GT. 300)) THEN 
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PHASE =5 
END IF 
C 
C Writes out the new file; needs header putting back of file 
C 
WRITE(ANGOUT, 1000) PHR, PHI, PH12, X, Y, IQ, CI, 
& PHASE, INTEN 
c 
10 CONTE, 4UE 
c 
1000 FORMAT(5(F8.3,2X), F5.1,2X, F5.3,2X, 12,1X, 16) 
c 
END 
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Alloy 26 (As received) - Figure 5.40 
C This program aims to correct 'incorrect' identification of Al and Si 
C by combining the EDX data with EBSD phase id data 
C 
INTEGER I, NPOINTS, ANGDAT, EDXDAT, ANGOUT 
INTEGER MG, AL, SI, MN, FE, NI, CU, PHASE 
INTEGERINTEN 
REAL X, Y, X2, Y2, PHI, PHII, PHI2, IQ, CI, TOL 
c 
TOL = LOE-6 
c 
ANGDAT=8 
EDXDAT=9 
ANGOUT=10 
c 
OPEN (UNIT=ANGDAT, FILE='Alloy 26-as-received-wdl7. ang' 
*, STATUS='OLD') 
OPEN (UNIT=EDXDAT, FILE='Alloy 26-as-received-wd17. txt' 
*, STATUS='OLD') 
OPEN (UNIT=ANGOUT, FILE='Alloy 26-as-received-wdl7-out. ang') 
c 
C Need to put number of rows at the start of the file 
READ(ANGDAT, *) NPOINTS 
c 
DO 10 1=1, NPOINTS 
READ(ANGDAT, *) PHII, PHI, PHI2, X, Y, IQ, CI, 
& PHASE, INTEN 
READ(EDXDAT, *) X2, Y2, MG, AL, SI, MN, FE, NI, CU 
C 
IF ((ABS(X-X2). GT. TOL). OR. (ABS(Y-Y2). GT. TOL)) THEN 
WRITE(6, *)'X or Y values do not match up, 
WRITE(6, *) X, X2, Y, Y2 
STOP 
END IF 
C 
C This routine switches the Si and Al depending which is larger 
C 
IF ((AL. GT. 1200). AND. (SI. LT. 600). AND. (NI. LT. 50)) THEN 
PHASE =5 
END IF 
IF ((SI. GT. 600). AND. (AL. LT. 1200). AND. (MG. LT. 80) 
& AND. (NI. LT. 50)) THEN 
PHASE =6 
END IF 
IF ((NI. GT. 40). AND. (CU. LT. 50). AND. (FE. GT. 20)) THEN 
PHASE =3 
END IF 
IF ((NI. GT. 120). AND. (CU. LT. 40). AND. (FE. LT. 20)) THEN 
PHASE =4 
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END IF 
IF ((NI. GT. 80). AND. (CU. GT. 40). AND. (FE. LT. 20)) THEN 
PHASE =2 
END IF 
IF ((NI. LT. 40). AND. (CU. GT. 100). AND. (MG. LT. 80)) THEN 
PHASE =7 
END IF 
IF ((MG. GT. 100). AND. (SI. GT. 300)) THEN 
PHASE =I 
END IF 
C 
C Writes out the new file; needs header putting back of file 
C 
WRITE (AN G OUT, 10 0 HU, X, Yý 1% C 1, 
& PHASE, INTEN 
C 
10 CONTINUE 
C 
1000 FORMAT(5(F8.3,2X), F5.1,2X, F5.3,2X, 12,1 X, 16) c 
END 
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